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4. DISCUSSION 

 

In the previous chapter the results obtained in the course of this investigation regarding: 

- the microstructure of the studied tool steels,  

- their macro- and micro-mechanical properties,  

- crack nucleation and growth under monotonic loads (R-curve),  

- fatigue crack nucleation and propagation mechanisms,  

- mechanical and tribological behaviour of industrial and laboratory tools,  

- effects of the shearing process parameters and  

- tool life prediction models,  

have been discussed separately, in their corresponding sections. However and given the existing 

relationships amongst them, in the present chapter they are settled all together in order to help obtaining 

explanations, from an in-depth micro-mechanical point of view, of the failure mechanisms governing the 

behaviour of shearing tools and improve the microstructural design of tool steels as well as the 

performance of tools.  

 

This global approach involves considering the problem of the failure of industrial tools from its root 

causes; namely the reason why cracks nucleate and propagate in tool steels, when, where and how they do 

it depending on the applied mechanical solicitations and the microstructural features, process parameters 

or tribological mechanisms. That should bring to light the guidelines to enhance the performance of such 

tools and broaden the possibilities of the shearing processes to manufacture new and more challenging 

components. Therefore, the objective of the following sections is not to review the aforementioned 

results, but to reveal the significance of the findings obtained to understand the failure of industrial tools. 

 

This chapter has been structured in three different sections, each one of these dealing with the topics: 

fracture and fatigue micro-mechanisms of tool steels, the case of real tools with an in-depth study of the 

failure mechanisms from micro-mechanical point of view and the suitability of the life predicting models 

for these tools.  

 

4.1 Fracture and fatigue micro-mechanisms of tool steels 

 

4.1.1 Crack nucleation under monotonic load 

 

Failure of ingot cast tool steels was already reported by many authors to be initiated by cleavage fracture 

of primary carbides rather than matrix rupture ([BER98], [ANT97], [RAM99] amongst others). That is 

verified in this investigation since failure initiation sites of 1.2379, UNIVERSAL and K360 are certainly 
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located at broken primary carbides. Interestingly, no primary carbide decohesion is observed in any of the 

studied samples.  

 

Under monotonic load the stresses at which the first carbides break, σRC, i.e. when the first cracks nucleate 

in the microstructure, vary depending on the carbide type, size, morphology and distribution in the matrix. 

As the load goes up during the test cracks grow from these broken primary carbides through the 

microstructure until they attain a critical size and the sample fractures (see section 3.2.3).  

 

As shown in section 3.2.3, in 1.2379, σRC values of M7C3 carbides are 700 – 900 MPa and 500 – 700 MPa 

for D2 and D3 sample configurations respectively. In K360 D2, the M7C3 carbides have a σRC lower than 

those of 1.2379 (500 – 700 MPa). This difference is attributed to the slightly higher size and more 

irregular shape of M7C3 carbides in K360 compared to those in 1.2379. MC carbides of K360 have 

smaller sizes and they are more rounded compared to the M7C3 embedded in the same steel, accordingly 

they show higher σRC values (1300 - 1500 MPa). UNIVERSAL D2 shows the highest σRC since its M7C3 

carbides do not fail until 1300 – 1500 MPa and the MC at 1600 – 1800 MPa. In UNIVERSAL D3, σRC 

values are 1000 – 1200 MPa and 1400 – 1600 MPa for the M7C3 and MC carbides, respectively.  

 

The higher σRC results of UNIVERSAL primary carbides are understood through their lower sizes, more 

regular and rounded shapes compared to those of 1.2379 and K360. However, apart from the size and 

morphological features of the primary carbides embedded in 1.2379, UNIVERSAL and K360, these 

carbides also present different micro-mechanical properties; namely the M7C3 of 1.2379 have higher E 

and H than those of K360 and UNIVERSAL, while the MC carbides of the aforementioned steels show 

higher E and H than the M7C3 of 1.2379. Carbides of UNIVERSAL show the highest KC values, what 

also contributes to increase their σRC with respect to the other steels. 

 

The breakage of primary carbides can also be influenced by the presence of defects at their inside. As 

shows Figure 4.1.1, carbides in 1.2379 and K360 present pores or holes which are probably formed 

during the solidification process and remained even after forging. In UNIVERSAL none of these are 

observed, contributing to explain why the σRC of its carbides is the highest amongst the studied ingot cast 

steels. However, some MC primary carbides in UNIVERSAL solidify from non metallic particles or 

impurities, as show Figures 4.1.1 e) and f). Such heterogeneous nucleation can be detrimental for the 

carbide resistance to fracture. 
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Figure 4.1.1 Examples of different types of defects observed in primary carbides: a)-b) holes in M7C3 carbides 

of 1.2379; c)-d) holes in M7C3 carbides of K360 and e)-f) non metallic particle at MC carbides of UNIVERSAL 

 

Another parameter with direct effects on σRC is the distribution of primary carbides in the metallic matrix. 

As reported by Rammerstorfer et al. [RAM99], the matrix in carbide rich bands starts to yield at much 

smaller macroscopic stress levels than in carbide poor bands. As a consequence, carbides in these rich 

layers fracture by cleavage at lower applied stresses (that means lower σRC) than those in poor bands. This 

argument allows to finding an explanation of why results of σRC in D2 samples are higher than in D3. As 

shown previously in section 3.2.3 (Figure 3.2.15), in D2 samples matrix and primary carbide bands 

alternate at the zone submitted to highest stress during the three points bending test. Contrarily, in D3 a 

10 μm

a) b)

2 μm

10 μm

c)

5 μm

d)

10 μm

e) f)

10 μm
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whole carbide rich layer, or more than one, is located at this zone. Therefore, the matrix between these 

carbides in rich layers is prone to start yielding at lower macroscopic stress levels in D3 samples than in 

D2 (i.e. σRC values are lower for D3 than D2). 

 

According to the arguments presented in the last paragraph, the properties of the matrix also contribute to 

determining the onset for fracture of primary carbides. After the work of Yokoi et al. [YOK03], the stress 

for primary carbide cracking corresponds to the yield stress of the matrix at its surrounding. Pile-up 

dislocations at primary carbides result in cracking and if that is the case, large carbides fracture easier due 

to the higher number of dislocations pile-ups at their surroundings. This means that carbide cracking is 

promoted when the yield stress of the matrix is low and when the carbide is large and/or it has an 

irregular shape.  

 

The properties of the metallic matrix are given by the tempering treatment, in which small secondary 

carbides precipitate on specific crystallographic habit planes within the martensitic matrix. The size of 

these precipitates is strongly dictated by the tempering temperature, since at low and intermediate 

tempering temperatures, the substitutional alloying elements do not have sufficient mobility to form 

carbide particles. At higher tempering temperatures, however, diffusion accelerates, and the precipitated 

carbides rapidly coarsen. Therefore, a fine distribution of secondary carbides is only possible provided 

that the tempering temperature allows the alloying elements to diffuse very short distances.  

 

Since these secondary carbides control the plastic deformation of the matrix (namely through their size, 

coherency and distribution), i.e. they determine the movement of dislocations. Dislocations movement, in 

turn, determines the yield stress of the matrix and the fracture of primary carbides by cleavage. The 

nucleation of cracks which propagate through the microstructure to unstable fracture is a consequence of 

the breakage of these primary carbides; hence every micro-constituent of a tool steel plays its own role 

when it comes to nucleation and propagation of cracks. Thus, not only primary carbides must be 

controlled and well adjusted depending on the desired application, but also the small secondary 

precipitates contribute to the failure of tool steels and are an important concern for tool steel design 

considerations.  

 

The same arguments about the role of microstructural constituents are valid to explain the failure 

mechanisms of HWS under monotonic load, except that apart from primary carbides, inclusions are also 

involved in the mechanism. In this steel, the macroscopic stress has to go up to 3400 – 3600 and 3800 – 

4000 MPa to nucleate any crack in the microstructure at inclusion and carbide particles respectively. Such 

high values of σRC compared to those obtained for ingot cast steels owe to the small, rounded, and 

homogeneous distribution of primary carbides in the microstructure. Such microstructure prevents the 

formation of dislocation pile-ups since dislocations move easier through the microstructure compared to 
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ingot cast steels. Inclusion particles, in turn, are brittle and have not a good cohesion with the matrix 

lattice; furthermore, their sizes use to be higher than those of carbides in PM steels, and that is why it is 

easier to nucleate cracks from them than from primary carbides.  

 

To summarise, the nucleation of cracks in tool steels is due to the failure of primary carbides by cleavage 

(and inclusion particles in case of PM steels) when the matrix at their surrounding exceeds its yield stress. 

The yield stress of the matrix, in turn, is determined by the secondary fine carbides precipitated in the 

martensite matrix during tempering.  

 

4.1.2 Subcritical growth of cracks under monotonic load 

 

With the increase of the applied load, cracks nucleated at primary carbides or inclusion particles grow out 

through the matrix. As carbides are generally well adhered to the matrix, cracks easily cross through the 

interface. However, due to the higher toughness of the metallic matrix compared to primary carbides, if a 

crack is to grow any further from the carbide, an increase of load is required. This implies that the 

material resistance to fracture, R, also increases and consequently, that these materials have a rising R-

curve behaviour. 

 

As schematised in Figure 3.2.21, the mechanism of crack propagation under monotonic loading consists, 

prior to observe any crack growth at the surface, in the plastic deformation of the metallic matrix around 

broken primary carbides. As discussed in section 3.2.3.1 and 1.2.1.2, plastic deformation and sinking of 

the matrix takes place since, as a result of the opened crack in the carbide below the surface, the matrix at 

the surface is highly stretched. The matrix at the surface is tougher than the matrix below it because the 

first one is locally under plane stress conditions, while the second is under plane strain. As it is shown in 

Figure 1.2.5, fracture toughness in plane stress is much higher than in plane strain conditions. Therefore, 

the matrix at the surface has a higher toughness than below this, and it is capable of developing more 

plastic deformation before cracking. As a result, the crack grows easier below the surface and it forms a 

balloon-like shape instead of the semi-circle typically assumed. 

  

At the initial stages of crack growth when cracks grow from the primary carbide to the metallic matrix, 

the shape of broken primary carbides (i.e. the shape of nucleated cracks) also contributes determining the 

preferred crack growth direction in the material. As at a certain applied stress K values vary in function of 

the crack geometry (a/c ratio), at 0º and 90º with respect to the sample surface K has different values if 

primary carbides are shallow or deep. Shallow carbides have a/c < 1 and K90º > K0º, meaning that cracks 

nucleated from them tend to grow perpendicular to the surface. In contrast, deep carbides have a/c > 1 

and K0º > K90º, and if this is the case cracks spread first parallel to the surface. This “competition” between 

0º and 90º crack growths lasts until K0º finally approaches K90º or vice versa and as a result, cracks attain 
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semi-circular shapes (a/c = 1). From this moment and so on, cracks grow in equilibrium keeping this 

more stable geometries near a/c ratios of 1, in which K0º = K90º.  

 

Gomes et al. [GOM97] could only find very shallow cracks on the sample surface prior to unstable 

fracture despite corroborating that final failure initiation sites had approximately semi-circular 

geometries. After the explanation of the paragraph above in which cracks certainly attain semi-circular 

shapes provided that they have sufficiently grown, it is plausible to say that in the stepwise tests 

performed by Gomes et al. the last stop before unstable fracture was well-before any crack had developed 

semi-circular geometries. In these steels, fracture occurs in a rather unstable manner and it is almost 

impossible to stop stepwise tests at the moment just before failure. The achievement of this goal is only 

possible provided that in situ information about the cumulated damage in the microstructure is acquired, 

for instance, by means of acoustic emission. That is why in this work this technique has been developed 

and applied in fracture tests (see section 3.2.4 and 3.2.6.1), and by which stepwise tests could be 

monitored and halted instants before unstable failure of samples took place. Although there are many 

cracks that nucleate and start propagating in the sample surface, only very few (namely one or two) attain 

longer sizes and a/c = 1. These cracks rapidly grow further and even coalesce with other cracks, leading 

imminently to failure.  

 

These findings are relevant to understanding subcritical growth of microcracks in tool steels and assess 

possible R-curve behaviours. As shown in section 3.2.6.2, ingot cast steels show a certain dependency of 

toughness and crack size, i.e. a rising R-curve, which is more accentuated depending on the steel 

microstructure and sample configuration (D2 or D3). HWS, in turn, has a flat R-curve and therefore, 

toughness is independent of the initial crack size. As a consequence in ingot cast steels, toughness is size 

dependent and that means that in function of the initial crack size, 2c0, and the applied stress, σa, the 

resulting fracture toughness may be lower than the toughness at the plateau, KIC. 

 

The influence of the initial crack size, in terms of 2c0, in the applied stress intensity factor for unstable 

fracture, KR, and the corresponding applied stress level, σr, is shown in Figure 4.1.2 a) and b) for the 

studied steels, sample configurations and a/c ratios of 0,5 and 1 respectively. In these diagrams it can be 

observed that there is an inverse relationship between KR, 2c0 and σr respectively. In Figure 4.1.2 KR has 

been plotted vs σr for better convenience to rationalise the results with respect to stresses which are 

predicted in tools by means of FE-simulations. However, it has to be borne in mind that these stresses 

cannot be directly compared to the ones applied in the fracture tests carried out to determine the R-curves, 

and that the notion of R-curve stands for the dependency of the toughness with respect to the crack size, 

not to the applied stress. Anyway, the three parameters KR, 2c0 and σr can be related through Equation 

2.4.2.  



4. Discussion 
 

304 
 

If a macroscopic stress of about 1500 MPa is applied (what is has been observed to be reasonable for 

tools after results presented in chapter 3), the effective toughness of the material is not as predicted after E 

399-90 tests, as shows Table 4.1.1, but it is lower instead. In 1.2379 and K360 the difference between KIC 

and the estimated KR at 1500 MPa is of about 30 %, in UNIVERSAL it is comprised between 10 and 20 

% for D2 and D3 configurations respectively, and in HWS there is practically no variation of KR with 

respect to KIC. 

 

 
Figure 4.1.2 Applied stress intensity factors for unstable fracture, KR, vs the corresponding applied stresses, 

σr, considering the different 2c0 values: a) for a/c 0,5 and b) for a/c 1. Dashed lines indicate the estimated 

stress level in tools of 1500 MPa 

 

Table 4.1.1 KIC (E 399-90), estimated KR at 1500 MPa and the difference calculated between these two for the 

studied steels under D2 and D3 configurations and for a/c 0,5 and 1 

  D2 D3 

K, MPa·m1/2 a/c 1.2379 K360 UNIVERSAL HWS 1.2379 K360 UNIVERSAL 

KIC (E 399-90) - 28 28 29 21 22 22(1) 24 

KR (at 1500 MPa)  0,5 19 20 26 21 16 18 19 

Difference, %  0,5 32,1 28,6 10,3 2,4 27,3 18,2 20,8 

KR (at 1500 MPa) 1 20 20 27 20 15 19 21 

Difference, % 1 28.5 28.5 6.9 2.8 31.8 13.6 12.5 
(1)KIC for K360 D3 is assumed to be equal to the value of 1.2379 D3 

 

As it follows from the results reported in Table 4.1.1, in ingot cast tool steels the reduction of toughness 

in case that small cracks (or high stresses) are involved and compared to the values determined for long 

cracks (KIC), is so significant that it is possible that HWS shows a higher KR even if it has a lower KIC. 

Horton and Child [HOR83] reported that the reason for the differences between KIC in conventional and 

PM steels lies in the fact that microcracks formed at or in carbides link up, with a minimum of plastic 

deformation of the matrix, owing to the smaller ligament sizes in the PM steel. In this sense, Muro et al. 

[MUR02] and Bolton and Gant [BOL98] found that the KIC was controlled by the ductility of the matrix 

more than the primary carbides embedded, and that in turn, is a result of the heat treatment conditions and 

the volume fraction, size and distribution of small secondary precipitates within the martensitic lattice. 

a) b)
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These are very important considerations that must be taken into account when designing tools made of 

ingot tool steels with high fracture resistance for applications under high stress levels, since small cracks 

nucleated in the microstructure have lower toughness values than those expected after KIC. Therefore, 

different properties might be taken into consideration depending on the tool application and the acting 

stresses, since the behaviour of the tool steel can vary substantially.  

 

From this standpoint, it is plausible to say that in tools subjected to high stresses as these for shearing 

UHSS, an HWS-type microstructure not only has higher resistance to crack nucleation from broken 

primary carbides as shown in section 3.2.3, but it also shows higher KR than ingot cast steels if small 

cracks are nucleated in the microstructure. As follows from Figure 4.1.2, cracks smaller than 500 μm can 

already present higher KR in HWS than in 1.2379 and K360. Nevertheless, if the applied stresses are low 

enough so that nucleated cracks can grow to longer sizes (more than 500 μm), an ingot cast steel type 

microstructure can show a better performance since KIC, in this case, is higher than in HWS.  

 

4.1.3 Fatigue crack nucleation and propagation: rationalization in basis of the mechanisms 

observed under monotonic load 

 

In fatigue, crack nucleation and propagation mechanisms turn up a bit different than under monotonic 

conditions. However, real tools are subject to repetitive loadings so the behaviour of tool steels under 

these conditions is a key factor allowing to explaining the damage observed. In fatigue, the micro-

mechanical mechanisms of crack nucleation and growth account for an extra consideration that is the 

metallic matrix may reduce its mechanical properties as long as the number of cycles increases. Such loss 

of mechanical properties of the metallic matrix may imply a decrease in hardness, yield stress and 

toughness. Softening of the metallic matrix is understood after Fukaura et al. [FUK04] by the 

destabilisation of the tempered martensite structure due to strain localisation processes, such as persistent 

slip bands (PSBs) and vein structure formation. The occurrence of these phenomena is difficult to be 

ascertained unless TEM or similar means are employed, but the consequences of their presence in the 

microstructure are tangible and they have been studied in this Thesis. 

 

As presented in section 3.2.5, the nucleation of cracks in cyclic conditions is also a matter in which 

primary carbides are involved (and inclusions in case of PM steels). But contrarily to what it was 

explained under monotonic loads, in fatigue is not necessary that the applied stress exceeds a critical 

value so that the carbide breaks (such as the determined σRC). In this case, different situations are possible 

depending on the applied load and the microstructure of the steel. To help illustrating the effects of the 

applied stress level on the different microstructures considered in this Thesis, Figure 4.1.3 reassembles in 

a same diagram the results obtained in terms of σR, σmax and σRC for the steels and configurations studied.  
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Figure 4.1.3 Plot of σR, σmax and σRC for the steels considered in this Thesis. The green and orange arrows 

indicate the nucleation and propagation stages of cracks under monotonic loading 

 

Consider for instance, the case of 1.2379 D2. In this steel and configuration it can be observed that Δσfat 

and σRC lie almost on the same stress level. This implies that crack nucleation in fatigue is due to a great 

extent, to primary carbides broken already at the first load cycles. As shown in section 3.2.5.1, provided 

that the ΔK of these cracks at the broken carbide exceeds ΔKTH, the rest of the fatigue life is spent in their 

propagation until one of them attains the critical size for failure. The nucleation stage in 1.2379 is hereby 

very short compared to the number of cycles concerned for propagation, as well as under monotonic 

loads, the applied stress at which carbide start to break are much lower than the applied stress in which 

samples break (σRC << σR as indicate the green arrow in Figure 4.1.3).  

 

In fatigue, initial crack propagation when cracks are still confined at the carbide cluster is rather tortuous 

and does not show a stable growth. Similar to monotonic loads, the shape of the fractured carbides 

determine the shape of initial cracks and therefore, the condition of ΔK ≥ ΔKTH necessary so that 

propagation starts. The present Thesis has shown in section 3.2.5.1 that as long as ΔK < ΔKTH, 

propagation does not take place. However, if the size of nucleated cracks fulfils the aforementioned 

condition and they successfully grow through the matrix, once they attain a certain size (usually when 

they propagate out from the initial cluster) the growth is more stable and steady, independently of the 

primary carbides ahead, as shown in section 3.2.5.2. Once a stable propagation rate is attained, cracks 

approach semi-circular shapes and keep growing in equilibrium for the rest of the fatigue cycles.  

 

σR

σRC M7C3

σRC MC

σRC inclusions

σRC carbides

σmax

Crack 
nucleation

Crack 
propagation



4. Discussion 
 

307 
 

In case of UNIVERSAL D2, in Figure 4.1.3 it can be observed that in contrast to 1.2379 D2, Δσfat is 

lower than σRC. Thus, the arguments proposed to explain the fatigue nucleation and propagation 

mechanisms in 1.2379 D2 cannot be applied in case of UNIVERSAL D2. Assuming that primary 

carbides do not suffer from fatigue, which is plausible as ceramic particles, at the applied stresses of Δσfat 

they are not expected to break. However, primary carbides also appear at the failure initiation sites on 

fracture surfaces. That is why in case of UNIVERSAL the breakage of carbides cannot be understood 

because the applied stress is higher than σRC but because the strain in the matrix around the carbide is 

higher than the strain that carbides can withstand. As explained in section 3.2.5, this phenomenon is 

attributed to the loss of mechanical properties of the metallic matrix during fatigue tests.  

 

In an attempt to shed light on this effect, the metallic matrix around fatigue cracks in UNIVERSAL was 

evaluated by means of instrumented indentation tests. As shown in Figure 4.1.4, there is a slight reduction 

of mechanical properties in the nearby of cracks, compared to the values measured further than 20 mm 

from the fracture surface (E was 253 ± 8 GPa and H 9,9 ± 0,4 GPa, with Emin and Emax of 235 and 263 

GPa and Hmin and Hmax of 9,3 and 10,4 GPa). 

 

 
Figure 4.1.4 Micro-mechanical properties of the metallic matrix: a) and c) Young’s modulus and b) and d) 

hardness values 
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To the author’s knowledge, the amount of scientific publications regarding the evaluation of 

micromechanical properties of the matrix around broken primary carbides is scarce. However, the work 

of Nyström et al. [NYS95] used a similar approach, in which cyclic plastic zones around fatigue cracks of 

austenitic and ferritic stainless steels were studied by means of hardness measurements using an ultra-low 

indentation system. The strain distribution ahead of fatigue cracks was evaluated by these authors upon 

the assumption that a certain plastic strain amplitude implies a certain stress level, which can be 

correlated with the measured hardness. Close to the crack the material was observed to be heavily 

deformed and in the austenitic material slip band formation was frequent. Unfortunately, this 

phenomenon was not identified in this Thesis for tool steel materials, due to their higher hardness and low 

plasticity ahead of fatigue cracks. A more in-depth analysis using TEM or EBSD should be considered in 

order to ascertain the presence of such PSBs in the material under consideration.  

 

Figure 4.1.5 plots the estimated stress-strain curves of a carbide and the matrix. It is assumed that 

carbides behave as completely elastic bodies (with E calculated by means of nano-indentation) and that 

they fail when σ attains σRC. For the example that is presented here, σRC and E of the M7C3 carbides in 

UNIVERSAL are considered (see Tables 3.2.4 and 3.2.6). The strain level corresponding to σRC is εRC, 

and it is associated with the critical strain for failure of the carbide. Regarding the properties of the 

metallic matrix of UNIVERSAL in turn, the elastic regime is modelled by its E, as determined by means 

of nano-indentation (see Table 3.2.5). It is well-known that nano-indentation overestimates E values 

compared to conventional tensile tests, but as the macro-mechanical properties of the matrix isolated from 

carbides are difficult to be determined, this value is taken into account since it is already a rather good 

approximation.  

 

Similar to E, the yield stress, σy, of the matrix isolated from carbides is not easy to determine by means of 

macroscopical tests. Spherical nano-indentation tests were performed in an attempt to quantify this 

property and, even though further work is required to improve the accuracy of the values obtained, a σy of 

1400 MPa was finally taken for the example of Figure 4.1.5. The plastic behaviour of the matrix is 

assumed as that obtained in compression tests with UNIVERSAL samples. As the contribution of primary 

carbides in the plastic flow is assumed to be negligible, the aforementioned approximation was found 

reasonable enough as to be applied.  

 

Some experimental tests should be performed to assess the softening or loss of σy of the matrix with the 

increase of the number of cycles. However, these are time consuming experiments and out of the frame of 

this Thesis, that is why they are progressing as future works. In front of that lack of experimental data, 

two different and reduced σy are considered: 1100 and 900 MPa. These values are picked from the 

literature in [HER83], page 499, in case of softening of quenched and tempered steels, as summarised in 

Table 4.1.2.  
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Table 4.1.2 Monotonic and cyclic properties of selected engineering alloys [HER83], page 499 

Material Condition σ y(monotonic)/σy(cyclic) 

SAE 1045 Q + T (370 ºC), 410 HBN (43,6 HRC) 1365/825 

SAE 1045 Q + T (180 ºC), 595 HBN (56,8 HRC) 1860/1725 

AISI 4340 Q + T (425 ºC), 409 HBN (43,6 HRC) 1370/825 

 

It is expected that the plastic behaviour of the softened matrix changes with respect to the initial state. 

However, as no information could be provided in this regard, for this example it was just assumed that it 

remained unmodified.  

 

If an applied stress level of 1100 MPa is considered, as shown in Figure 4.1.5, no carbides should break at 

the first load cycle since σa < σRC and εm < εRC. If a reduction of mechanical properties to σy of 1100 MPa 

takes place after a certain number of cycles, still no carbides are expected to fail since σa < σRC and εmsoft1 

< εRC. However, if the reduction is to σy of 900 MPa, even though σa < σRC, breakage can occur since εmsoft2 

> εRC. 

 

 
Figure 4.1.5 Schema of the stress-strain curves of carbides (red line), the matrix (black line) and to cases in 

which the properties of the matrix are reduced as a result of fatigue  

 

As it follows from the results presented above, in UNIVERSAL D2 and opposite to 1.2379 D2, a certain 

incubation period in which the matrix properties reduce is expected to take place in fatigue prior to the 

nucleation of the first cracks in the microstructure. Crack propagation in turn, is explained by the same 

mechanisms as in case of 1.2379 D2.  
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These findings permit to say that a microstructure with more regular and small primary carbides, 

embedded in a more homogeneous manner in the matrix, such as this of UNIVERSAL, helps increasing 

the resistance to crack nucleation, both under monotonic (since more load must be applied) and cyclic 

loading (more load or number of cycles are required) compared to 1.2379. Slight improvements of crack 

propagation of UNIVERSAL compared to 1.2379 are observed, and they are attributed to the better 

properties of the metallic matrix. E and H of the matrix of UNIVERSAL and 1.2379 are similar. 

However, some differences are expected in terms of σy even though they could not be quantified in the 

frame of this Thesis.  

 

The case of HWS D2 probably makes the difference with respect to the behaviours observed in ingot cast 

steels. HWS has a markedly lower Δσfat compared to σRC, and furthermore Δσfat is only slightly higher than 

the values determined for ingot cast steels, even though the behaviour of HWS under monotonic 

conditions is much superior. This finding reflects that in fatigue the advantages of the PM steels over the 

ingot cast reduce; i.e. the fatigue sensitivity of HWS is higher than that of ingot cast steels.  

 

However, as in HWS no large carbides are present, failure initiation sites in fatigue are located at 

inclusion particles almost in all cases, for the same reasons as indicated in case of monotonic loadings 

(inclusions are weak points of PM steels). Then it is plausible that in front of this lack of larger stress 

concentrators in the microstructure, the matrix at the neighbourhood of inclusion particles is subject to 

more distortion and stresses rise with respect to the rest of the microstructure. After an incubation period 

which can vary depending on the stress applied, the size of the inclusion and its location in the sample, 

cracks may finally nucleate due to the degradation of the matrix properties at its surroundings.  

 

As it follows from these arguments, the behaviour of HWS is not any different than the one of 

UNIVERSAL. In them both a crack finally appears when the matrix is degraded nearby an embedded 

particle, where stresses are magnified with respect to the applied macroscopical stress. In fact, the size of 

inclusions and the size of carbides of UNIVERSAL can be quite similar, but in HWS inclusions are rare 

and almost perfectly circular. That is why HWS shows an increased Δσfat with respect to UNIVERSAL.  

 

Crack nucleation in HWS concerns the major part of the fatigue life, as it is the case of monotonic tests 

(as shows the green arrow in Figure 4.1.3) since the resistance of the microstructure against crack 

nucleation is very high. However, once cracks are successfully nucleated, propagation stages are rather 

short in fatigue, as well as in monotonic conditions (orange arrow in Figure 4.1.3), since the resistance of 

the microstructure to the propagation of cracks is low, as discussed earlier in section 4.1.2. Even though 

the results of m and Log A presented in Table 3.2.3 do not allow to extract any concluding remark 

regarding a faster propagation of cracks in HWS than in the other steels, in section 1.3 it was shown that 

it is typically reported in the literature that the resistance to fatigue crack propagation of PM steels is 
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lower than the ingot cast. Given that the microstructure ahead of nucleated cracks in HWS is very 

homogeneous, stable propagation of these into semi-circular shapes is expected already from the initial 

stages. 

 

Regarding the behaviour of 1.2379 D3 and UNIVERSAL D3, the same arguments explained before for 

the respective materials in configuration D2 are valid; i.e. in 1.2379 D3 cracks nucleate at the first load 

cycles since primary carbides are broken under the applied stresses while in UNIVERSAL D3 a certain 

number of cycles are required prior to the nucleation of cracks. Under monotonic loads, ingot cast steels 

show a significant anisotropy in fracture results. In fatigue and even though these differences between D2 

and D3 are rather attenuated, D2 samples show a better performance than D3 ones.  

 

The case of K360 D2 in turn, is rather particular since two different types of fracture modes are observed. 

The first type corresponds to that described for 1.2379 D2, in which fracture is initiated from primary 

carbides at the surface and, since σmax ~ σRC, the incubation period for crack nucleation is expected to be 

rather short. The second mechanism, in turn, is very different to any of the others observed in this work 

and it consists in internal failure at high number of cycles due to the formation of fish-eyes.  

 

The existence of two different fatigue failure mechanisms is something well reported in the literature in 

case of tool and high strength bearing steels submitted to giga-cycle fatigue regimes (Sohar et al. 

[SOH08-1], [SOH08-2], SOH08-3] and Shiozawa et al. [SHI01], [SHI06-1] and [SHI06-2]). These 

authors state that when low loads are applied, failure is explained by decohesion of secondary precipitates 

at the surrounding of particles (primary carbides or inclusions, depending on the considered material). 

This phenomenon is responsible for the formation of areas with different surface roughness, attributable 

to subsequent stages of crack growth. These differences in roughness explain the formation of such fish-

eyes at the surrounding of the initiating carbide particles.  

 

In the present investigation, the same type of failure observed by these authors at the giga-cycle regimes 

is observed in case of K360 D2 at 106 cycles. Failure initiation sites of K360 are practically always 

located at M7C3 carbides, in only one case an MC is identified, and despite the sizes and morphologies of 

M7C3 carbides in 1.2379 and K360 are quite similar, in K360 there is a lower percentage of them in the 

microstructure. For this reason, at the surface of K360 fatigue samples (where stresses are maximal 

during a three-point bending test) there is a lower probability to find an M7C carbide, or carbide cluster, 

which in addition is large enough for the initiation of a propagating crack.  
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If that is the case, i.e. no carbides large enough for breaking at the applied stresses are found at the surface 

of the sample, internal failure may take place from some large primary carbide present inside the sample. 

In Table 4.1.3 it can be observed that in all fatigue fractured samples of K360 D2, ΔK of the broken 

carbide at the failure initiation sites is higher than ΔKTH (as shown in Figure 3.2.11, ΔKTH for K360 D2 is 

3,8 MPa·m1/2). 

 

Table 4.1.3 Applied stress amplitude, Δσ, number of cycles to failure, N, initial carbide size, a, and 

corresponding applied stress intensity factor, ΔK, of the samples of K360D2 broken in fatigue 

Sample Fish-eye Δσ, MPa N, cycles a, μm ΔK, MPa·m1/2 

P3F2 No 1166 15800 12 5,3 

P4F1 No 999 1900 20 5,6 

P9F2 No 916 30070 18 4,9 

P6F1 No 832 43700 19 4,6 

P4F2 No 832 52000 15 4,1 

P9F1 Yes 999 283100 21 5,2 

P7F2 Yes 916 702000 16 4,2 

 

This means that carbides can break below the surface and cracks can propagate from them. Then, the 

particular morphology in the fish-eye region of samples showing internal failure is due to the crack 

propagation in absence of oxygen, instead of the decohesion process of small secondary carbides as 

described by the model of Shiozawa et al. [SHI06-2]. 

 

The results of section 3.2.1 and 3.2.5 with short, medium and long cracks reveal that crack propagation 

mechanisms are governed by the same mechanical properties as those determined by means of standard 

tests for long cracks. Although the initial ΔK when cracks are still in carbides could not be ascertained 

(since the real depth of carbides under the surface could not be evaluated) the estimated values assuming 

a/c ratio 1 are completely in agreement with the ΔKTH determined for long cracks using the standard 

procedure E 647-00. The stable fatigue crack growth curve shows very similar behaviours for small, 

medium and long cracks and accordingly, their parameters m and Log A of the Paris law also resemble.  

 

4.2 The case of real tools. An in-depth study of the failure mechanisms from a 

micro-mechanical point of view  

 

In this section, the occurrence of failure in punching and slitting tools of the HPC are rationalised in basis 

of a micro-mechanical analysis of the fracture mechanisms. Tests with the HPC have permitted to 

reproduce the mechanical solicitations of industrial tools but under controlled laboratory conditions. 

Moreover, tools could be supervised in situ and easily replaced for examination. DP1000 2 mm thick and 

a cutting clearance of 10 % are used in this investigation as it was reported in section 3.3.3.  
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As shown in Figure 4.2.1, the main failure mechanisms identified in these tools is fracture both by 

chipping and micro-chipping at the cutting edge. The cases of the punching and the slitting tools are 

discussed respectively in sections 4.2.1 and 4.2.2. 

 

 
Figure 4.2.1 Schema of the two processes studied in the HPC: punching and slitting, and the failure 

mechanism observed, i.e. fracture by chipping and micro-chipping 

 

4.2.1 Micro-mechanical analysis of the punching tools 

 

As shown previously in section 3.3.3.1, the cutting edge of the punching tools employed in the HPC 

revealed severe damage by fractures. In Figure 4.2.2 an example of fractured punch is shown and in 

Figure 4.2.2 d) in cut and polished samples extracted from the punch it can be observed that many broken 

carbides are present below the surface as well. 

 

 
Figure 4.2.2 Main failure mechanisms observed in punching tools: a) schema of the punch to show that the 

image presented in Figures b) and c) corresponds to a view of the rake face; b) fractured cutting edge of a 

1.2379A punch; c) topographic image of the fracture in the 1.2379A punch; d) cross sectional cut of the 

punch where many broken primary carbides are observed below the cutting edge 
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In Figure 3.3.44 it was already shown that besides damage generated at the cutting edge, many broken 

primary carbides and microcracks are present directly below the flank and rake faces of punches even at 

positions very distant with respect to the cutting edge and where fractures are observed. The nucleation 

and propagation of these cracks cannot be understood after the results obtained from FE-simulations since 

they estimate very low applied stresses in there (about 300 MPa). Thus, they ought to be explained by 

other mechanisms, as it will be discussed in the following lines.  

 

Figure 4.2.3 shows the type of damage observed at the rake face of punches at distant positions from the 

cutting edge in direction towards the centre of the punch. At the flank face, even up to distances of more 

than 1 mm from the cutting edge a very similar type of damage is observed, as shows Figure 4.2.4. 

Broken primary carbides (with cracks parallel to the surface) are present directly below the surface 

(denoted in red arrows in Figures 4.2.3 and 4.2.4), as well as numerous microcracks which run parallel to 

the surface (blue arrows in the aforementioned figures).  

 

 
Figure 4.2.3 Damage observed at the microstructure of the punch through cross sectional cut, at the rake 

face and at distant positions from the cutting edge in direction to the centre. In a), b) c) and d) images, the 

existence of broken primary carbides is denoted with red arrows while blue arrows indicate cracks nucleated 

inside the material and propagating parallel to the surface  
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Figure 4.2.4 Damage observed at the microstructure of the punch through cross sectional cut, at the flank 

face and at distant positions from the cutting edge (around 1 mm). In a), b) c) and d) images, the existence of 

broken primary carbides is denoted with red arrows while blue arrows indicate cracks nucleated inside the 

material and propagating parallel to the surface  

 

The occurrence of such type of damage which cannot be explained by means of the von Mises stresses 

estimated after FE-simulations, calls the role of fatigue wear mixed mechanisms. These are due to sliding 

and high frictional forces all along the surface of the punch in contact with the sheet material, which were 

not taken into account in FE-simulations. FE-simulation results are helpful determining macroscopically, 

the stress state of the punch and assess the severity of an operation with respect to another. It allows 

detecting the most requested zones in tools as well. However, from a micro-mechanical point of view, 

stresses predicted by means of macro FE-models cannot explain the type of damage observed. 

 

Stachowiak and Batchelor showed that under conditions of severe sliding, material within a certain 

distance of the surface shifts in the direction of sliding due to deformation caused by the frictional force 

[STA05]. Strains caused by shearing in sliding are present some depth below the surface reaching the 

extreme values at the top of this, as shown schematically in Figure 4.2.5. 

 

a) b)

c) d)
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Figure 4.2.5 Strain levels in a deformed surface [STA05] 

 

The aforementioned authors proposed a mechanism by which under such high sliding conditions, crack 

nucleation and propagation can be rationalised. As it follows from these authors, strain induced by sliding 

eventually breaks down the original grain structure at the surface to form dislocation cells. These cells can 

be described as submicron regions, relatively free from dislocations, which are separated by regions 

(walls) of highly tangled dislocations. At the interface the cells are elongated at the direction of sliding 

and are relatively thin resembling layers of flat “tiles”. The high energy cell boundaries are probable 

regions for void formation, crack nucleation, and also crack propagation, as shown in Figure 4.2.6 in a 

1.2379A punch.  

 

 
Figure 4.2.6 Strain levels in a deformed surface and formation of a crack in the flank face of a 1.2379A punch. 

1: very highly deformed material, 2: moderately deformed material and 3: bulk material, undeformed 

 

During repetitive sliding, plastic deformation of the surface layer leads the material to pile up without 

detaching from the surface. The piled up material does not move but instead, a protuberance of deformed 

surface is created that resembles a wave (as it can be observed in Figures 4.2.3 d) and 4.2.4 d)). To 

accommodate the “wave”, very high strains are sustained leading to the cracking of the material in the 

“wave”. During sliding, planes of weakness in the material become orientated parallel to the surface by 

such discussed deformation processes, and laminar pieces of material detached from the surface are 

formed by a surface crack reaching a plane of weakness, as schematically illustrated in Figure 4.2.7, and 

as shown in Figure 4.2.8 for a 1.2379B punch. 
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Figure 4.2.7 Schematic illustration of the mechanism of material particle release due to growth of surface 

initiated cracks [STA05] 

 

 
Figure 4.2.8 Mechanism of material particle release in a 1.2379B punch: a) flank side and b) rake side of the 

punch 

 

Once a piece of material is released from the surface, a crater is formed as show Figures 4.2.9 b) and c) 

and the borders of these craters are potential initiation sites for new cracks, as denote red arrows in Figure 

4.2.9 b), which propagate under the cyclic applied loads. 

 

 
Figure 4.2.9 a) and b) cracks at the surface of a 1.2379A punch; c) example of fatigue wear reported by 

Stachowiak and Batchelor [STA05] 
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One of the main questions here is to understand the nucleation of these cracks under the high compressive 

stresses acting during one punch stroke. Such craters or surface asperities can create a stress field similar 

to that generated in a notch root under pure compressive cyclic stresses. As reported by Hsu and Wang, 

these types of discontinuities introduce a non-uniform stress field in the adjacent regions in which 

residual tensile stresses may exist despite the compressive loading [HSU10]. Previous investigations 

show that the extent of the tensile stress field depends on the extent of plastic yielding [FLE85]. Then 

crack nucleation can be caused upon unloading stage of cyclic deformation provided that the residual 

tensile stresses exceed the fracture strength of the material ahead of the notch root.  

 

Propagation of such cracks, in turn, can be only explained if compressive stresses in the punch are very 

high, and residual tensile stresses after full unloading are generated due to plastic deformation ahead of 

the crack tip. These cracks nucleated from craters or other imperfections at the surface such as asperities 

propagate perpendicularly, as show Figure 4.2.10 in case of a 1.2379B punch and Figure 4.2.11 in case of 

a UNIVERSAL punch. On a micro scale real contact surfaces are not smooth and contain asperities that 

give rise to local point contacts and pressure spikes. Asperity contacts are important due to the tensile 

stresses that develop at the surface around point contacts and because the frictional traction forces 

intensify the plastic deformation of the surface, and cracks may nucleate there [ALF03].  

 

 
Figure 4.2.10 Examples of fatigue cracks in a 1.2379B punch nucleated from surface released particles and 

propagating in direction to the interior of the tool 

 

 
Figure 4.2.11 Examples of fatigue cracks in a UNIVERSAL punch nucleated from surface released particles 

and propagating in direction to the interior of the tool 
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In addition, another mechanism observed in this Thesis for crack initiation in tools consists in breakage of 

carbides as a result of plastic deformation of the matrix at their vicinity, and formation of dislocation pile 

ups (step 1 in Figure 4.2.12). Such dislocation pile ups trigger the development of voids, which enlarge 

with further deformation since they act as traps for dislocations (steps 2 and 3 in Figure 4.2.12). Crack 

growth does not proceed very near the surface because of the large plastic zone around its tip, but it is 

confined to a narrow range of depth where hydrostatic or triaxial stress is small but shear stresses are still 

large. All these factors favour the growth of a crack parallel to but beneath the surface (step 4 in Figure 

4.2.12). Subsurface cracks nucleated at primary carbides coexist with the aforementioned cracks that 

nucleate from the surface in direction perpendicular to it (step 5 in Figure 4.2.12). 

 
Figure 4.2.12 Illustration of a process of subsurface crack formation by growth and link up of voids [STA05] 

 

At some unspecified point, these two types of cracks may connect and as a consequence, as shown in 

Figure 4.2.13, a thin laminar particle is released. 

 

 
Figure 4.2.13 Cohesion of cracks number 1 and 3 (nucleated at the surface) to a crack nucleated below the 

surface from a broken primary carbide (number 2) in a 1.2379B punch 
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As schematised in Figure 4.2.14, primary cracks originated at the surface at some weak point (broken 

hard particle, asperity, crater, imperfection, etc.) can also propagate along weak planes such as slip planes 

or dislocation cell boundaries and reach the surface either because a secondary crack develops from the 

primary one, or alternatively the primary crack can connect with an existing subsurface crack. When the 

developing crack reaches the surface again, the piece of material is released.  

 

 
Figure 4.2.14 Schematic illustration of the process of surface crack initiation and propagation [STA05] 

 

The mechanism explained in Figure 4.2.14 is shown in case of a 1.2379B punch in Figure 4.2.15. In this 

figure it can be observed that a crack initially nucleated at the surface propagates downwards and it 

bifurcates giving rise to secondary cracks. At a certain point, one of these secondary cracks turns its 

direction towards the surface, and its further propagation leads to detachment of a piece of material and to 

observe chipping at the cutting edge.  

 

 
Figure 4.2.15 Process of surface crack initiation and propagation observed in the 1.2379B punch 
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An explanation for the change of direction of the crack can be found in a change of the stress state at the 

crack tip, as shown in Figure 4.2.16. In absence of any crack, at the zone where the crack is nucleated 

(rake face) compressive stresses in radial direction are higher than those in axial direction. Then tensile 

residual stresses in the radial direction are also higher than in the axial one and thus, the crack propagates 

vertically (perpendicular to the direction of maximum stress). At a certain depth, stresses undergo a 

progressive transition in which they become higher (more compressive) in the axial than the radial 

direction. As a result, the crack modifies its path according to the acting stress state, propagating 

horizontally towards the flank face. For a more in-depth analysis of the described mechanism, refer to 

section 4.2.2 (Figure 4.2.23).  

 

 
Figure 4.2.16 Schematic description of the different stress sates acting at the punch cutting edge 

 

After the following arguments it seems plausible that chipping can take place as a result of a crack which, 

once nucleated at the rake face, propagates downwards and changes its growth direction towards the flank 

face, according to the complex stress state acting at the cutting edge. However, it is not clear yet whether 

the procedure for chipping formation can take place either because this crack (which propagates towards 

the flank face) coalesces with another one which runs in the opposite direction, or because a crack 

initiated at the flank face can also turn its direction to reach the rake face.  
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The inspection of the flank face of punches permits to observe that chipping at the cutting edge and 

fatigue cracks at the flank face can be two mechanisms well differentiated, and lateral cracks may not 

give rise to fractures by chipping since they are not able to propagate any further from the surface. 

Although no experimental evidence for this argument could be found in the analysed punches, Fleck et al. 

reported that cracks nucleated under compression loads from discontinuities at the surface are prone to get 

arrested, since as the crack length increases the fraction of the load cycle for which the crack is open 

decreases [FLE85].  

 

Figure 4.2.17 compares fractures at the cutting edge with the lateral fatigue microcracks (denoted by red 

arrows). As it can be observed, microcracks appear well below the cutting edge and far from the fractured 

material. Therefore it is plausible that chipping is caused by cracks which, as explained before, are 

nucleated at the rake face and they propagate downwards to the flank face.  

 

 
Figure 4.2.17 Image of the flank face in a 1.2379B punch where fractures at the cutting edge can be observed, 

as well as cracks propagating parallel to the surface (indicated by red arrows) 

 

To summarise, Figure 4.2.18 schematises the different types of damage and the mechanisms explaining 

their occurrence in the studied punching tools.  

   

100 μm
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Figure 4.2.18 Summary of the different types of damage observed in punching tools of the HPC   

Sliding & high frictional 
forces during punch 

penetration (inwards)

High deformation & 
waves formation at the 
surface. Nucleation of 
cracks from waves and 

propagation through cell 
boundaries until attaining 
a plane of weakness and 

reach the surface

Release of thin material 
particles from the surface

1A

Nucleation of fatigue cracks from surface asperities and 
propagation perpendicular to the surface during punch 

retraction (backwards) (since the axial stress has a much 
larger amplitude due to the high compressive stress at 

maximum load during the punching process, and 
residual tensile stresses after full unloading are 

generated due to plastic deformation)

2A

FLANK SIDE OF THE PUNCH

Breakage of primary carbides in a narrow range of depth 
beneath the surface as a result of dislocation pile ups at 

the interface with the matrix during punch retraction 
(backwards) (tensile residual stresses due to high 

compressive contact pressures)

Voids formation, development of cracks which propagate 
below and parallel to the surface

1B

FLANK AND RAKE SIDES OF THE PUNCH

Coalescence of cracks 
nucleated at the surface and 

below the surface at 
primary carbides.  

3

Release of a thin laminar 
particle of material from the 

surface

Primary cracks originated at the surface at some weak 
point propagate along weak planes such as slip planes or 
dislocation cell boundaries and reach the surface either 
because a secondary crack develops from the primary 

crack one, or alternatively the primary crack can connect 
with an existing subsurface crack

2B

The developing crack reaches the surface and a piece of 
material is released  CHIPPING / MICRO-CHIPPING

CUTTING EDGE
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As it can be observed in the figure above, five different types of damage are identified and they are 

classified into the following: 

- 1A: Damage directly at the surface originated as a result of the high frictional forces during sliding 

against the sheet during the movement inwards of the punch. “Waves” are formed at the surface as a 

consequence of high deformation, and nucleation of cracks takes place because of the high strains 

sustained to accommodate these “waves”. Cracks propagate parallel to the surface until they reach a 

plane of weakness and a thin piece of material is released. In this type of mechanism the initial 

surface roughness of the tool plays a major role determining the sliding conditions and friction 

coefficient between the two bodies in contact, i.e. good surface finish and lower friction coefficients 

are desired. In this sense, carbides help decreasing the friction coefficient of the material, increasing 

the wear resistance, the yield stress and therefore, the resistance to “wave” formation and crack 

nucleation.  

 

- 1B: However, due to the high contact pressures at the surface, carbides within a narrow range of 

depth beneath the surface are broken as a result of dislocations pile ups at the interface with the 

metallic matrix. Breakage of carbides is explained by the tensile residual stresses that are generated 

after full unloading due to plastic deformation during the backwards movement of the punch. Plastic 

deformation takes place because of the high compressive contact loads generated at the surface and 

up to some distances beneath. Such dislocation pile ups lead to the formation of voids in the matrix, 

from which under the repetitive sliding, cracks can nucleate and propagate below and parallel to the 

surface.   

 

- 2A: At the flank side of the punch, fatigue microcracks which propagate towards the interior of the 

material are observed. These are nucleated from surface asperities, ahead of which a stress state 

similar to that created on a notch root is generated. Such cracks are found to be very shallow, as 

they could only be observed up to short distances from the flank face. 

 

- 3: Detachment of a thin laminar piece of material takes place when some 2A cracks coalesce with 

1B cracks. 

 

- 2B: Chipping is explained by the nucleation of a crack at the rake face and its propagation 

downwards to the flank face. In this mechanism both the resistance to crack nucleation at the 

surface (i.e. resistance against carbide breakage, plastic deformation, formation of surface 

discontinuities, etc.) and the resistance to fatigue crack propagation of the tool material are 

important parameters. In this sense, to improve the resistance to crack nucleation, PM tool steel 

microstructures are desired so that there are no large broken primary carbides from which cracks 

can initiate. Furthermore, the yield stress of the material must be high enough to prevent plastic 
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deformation of the surface as a consequence of which cracks can nucleate. However, when many 

imperfections are initially present in tools (for instance as a result of a rough machining process), 

cracks originate easily and a PM microstructure can be less advantageous than an ingot cast when it 

comes to prevent the propagation of such cracks. R-curve effects should be taken into account here, 

in order to assess the best suitability of PM or ingot cast steels respectively. As shown in section 

4.1.2, if high stresses or small cracks are involved in the fracture process, PM steels can show 

higher KR than ingot cast steels up to a certain extent (since ingot cast steels suffer from R-curve 

behaviour and thus, their fracture toughness depends on the crack size). On the contrary, if 

nucleated cracks are long, then ingot cast steels are more advantageous since their KIC is higher than 

PM steels.   

 

An attempt to improve the resistance to chipping can consist in the application of a coating at the surface 

of the punch. In this way crack nucleation due to surface discontinuities may be reduced (the high 

hardness and yield stress of the coating gives low friction coefficient and high resistance to plastic 

deformation at the surface). However, the tests performed in this Thesis in sections 3.3.2.2 and 3.3.3 show 

that as the initial surface of the coated punches was very rough, fracture of the coating and detachment 

from the surface at early numbers of punch strokes was triggered. Furthermore, as in shearing operations 

of UHSS the loads and contact pressures applied are extremely high, even if the initial tool surface is very 

smooth the high stiffness of the coating can result in accelerated fractures only after very few strokes.  

 

The hypothesis that voids nucleation is a necessary step in the formation of a crack suggests that materials 

with lower carbide or inclusion amounts, or of smaller sizes, exhibit better behaviours. This prediction 

has been confirmed experimentally by the increased performance of UNIVERSAL punches compared to 

1.2379 or K360 (according to the lower amount and reduced sizes of carbides in UNIVERSAL with 

respect to the other two materials). Moreover, as follows from the results of this Thesis, UNIVERSAL 

shows a higher toughness when small cracks are involved. In this sense, HWS should have shown the 

best behaviour amongst the studied punches, due to its higher resistance to crack nucleation. However, 

experimental results turned out a bit different since chipping was observed in HWS after only a few 

strokes, even earlier than UNIVERSAL.  

 

The previous arguments are rationalised in the following way: as discussed in this section, damage in 

punches is not only due to fatigue, but to fatigue wear mixed mechanisms. Under these circumstances, 

and taking into account the deep machining grooves initially present at the surface of punches, nucleation 

of cracks is triggered by surface asperities more than breakage of carbides. As according to section 1.3, 

the resistance to crack propagation of PM steels is neatly lower than the ingot cast steels, such nucleated 

cracks propagate easier through the microstructure.  
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Thus, as though in section 3.2.6 it was observed that HWS has higher KR values than ingot cast steels 

when small cracks are involved, if cracks are longer (as it is expected if they are nucleated from 

machining grooves instead of carbides) they may lead to fracture faster than in ingot cast steels as KIC of 

HWS is lower than that of ingot cast steels.  

 

In any case, the necessity to reduce the surface roughness of tools at the initial stage is more than 

relevant; especially when PM steels are employed since the advantages of their PM microstructures are 

not full-filled in the applications.  

 

4.2.2 Micro-mechanical analysis of slitting tools 

 

As follows from section 3.3.3.2, fracture by chipping is the main damaging mechanism identified at the 

cutting edge of the lower blades. At equal numbers of strokes, the upper blades show no fractures, but the 

surface is affected by wear. A study of the upper and lower blades from a micro-mehcanical point of view 

is presented in this section and the mechanisms of nucleation and propagation of cracks in the 

microstructure are determined. 

 

The cross sectional analysis of the blades reveals that different types of damage are present at the 

microstructure, namely two types of cracks: a first one corresponding to broken primary carbides (in 

direction to the stroke movement, as it shows Figure 4.2.19 in red arrows) and a second one 

corresponding to cracks nucleated at the surface and propagating perpendicular to the stroke movement 

towards the interior of the blade (Figure 4.2.19 blue arrows). 

 

 
Figure 4.2.19 Cracks at the microstructure of the 1.2379 lower tool in a cross sectional analysis 

 

10 μm

Type 1 cracks: 
(vertical cracks)

Type 2 cracks: 
(horizontal cracks)
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These types of cracks are slightly different than those observed in punches in section 4.2.1. On the one 

hand, no propagating cracks are identified which, once nucleated at the rake face, run downwards to the 

flank face (as type 2B from Figure 4.2.18). On the other hand, hardly any damage due to “wave” 

formation at the surface is observed at the flank and rake sides (as type 1A of Figure 4.2.18). Only in one 

case, damage resembling the “waves” observed at punches surfaces is appreciated, as shown in Figure 

4.2.20 a) at the flank face.  

 

In addition, carbides are broken differently in the slitting tools. In punches, broken carbides are only 

identified at narrow depths below the surface but up to very distant locations with respect to the cutting 

edge. In slitting tools, in turn, broken carbides are only found at the zone of the cutting edge, but also at 

deeper locations with respect to the surface. Carbides in punches show fractures parallel to the surface on 

no matter the side of the punch (rake or flank); however in slitting tools, carbides break parallel to the 

stroke direction in all cases (near the rake and the flank faces). As shown in Figure 4.2.20 b), carbides 

near the rake face of the punch are broken perpendicularly to this. 

  

 
Figure 4.2.20 Crack parallel to the flank face due to “wave” formation (mechanism 1A in previous Figure 

4.2.18); b) broken carbides present cracks in vertical direction, also below the rake face (in contrast to 

mechanism 1B in Figure 4.2.18) 

 

From this standpoint, the breakage of carbides cannot be explained by the same mechanisms as in 

punches (i.e. due to residual tensile stresses generated as a result of the high compressive contact 

pressures) but instead, other type of stresses shall explain this occurrence. In this case, the results of von 

Mises stresses estimated by means show more agreement than in case of punches, at least, to predict the 

zones in the tool where primary carbides are broken. These are exclusively observed below the cutting 

edge, where the maximum von Mises stresses are registered. 
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Since carbides are only broken at the cutting edge and not only in the narrowest depths below the surface 

but up to deeper positions, as shown in Figure 4.2.19, the stresses generated inside the material instead of 

the contact pressures may be the responsible of their breakage (that is why FE-simulations may predict 

their breakage). However, all data about stress states and levels of slitting tools obtained from FE-

simulations correspond to the loading stage, prior to the fracture of the sheet. In FE-models it is assumed 

that tools behave completely elastic during the stroke and therefore, no residual stresses are computed. 

This assumption may not be valid at a micro-scale, since under the high acting compressive stresses the 

matrix near carbides may undergo some plastic strain that can induce tensile residual stresses around them 

at the unloading stage. 

 

As it is difficult to reproduce this mechanism using the FE-models employed to study the shearing 

process, in an attempt to estimate the possible residual tensile stresses generated around carbides in the 

microstructure of tool steels a FE-simulation model is especially conceived to cope with these effects. As 

shown in Figure 4.2.21, the microstructure of a tool steel (1.2379-type) and under the following 

assumptions is considered: plane strain conditions, restricted displacement on the left and lower sides and 

different stresses applied on the top and right sides. Carbides are assumed to behave elastically with an E 

as reported in Table 3.2.4 of 294 GPa. The matrix is supposed to have an E of 249 GPa (Table 3.2.5) with 

σy of 1400 MPa. The plastic curve of the matrix is estimated from compression tests with 1.2379.  

 

Different loading states and levels are considered in Figure 4.2.21. In one case, stresses of 1300 and 2000 

MPa are applied at the top and right sides (Figure 4.2.21 a)) and vice versa (Figure 4.2.21 b)), then 

stresses are increased to 2600 and 4000 MPa (Figures 4.2.21 c) and d)), and finally the results are 

compared to a case where a tensile stress at the right side of 1000 MPa is applied (Figure 4.2.21 e)). 
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Figure 4.2.21 Schematic illustration of the FE-model to characterise residual stresses in the microstructure at 

the micro scale 

 

The previous stress levels are chosen according to the results of the FE-simulation of the slitting process 

since as show Figures 4.2.22 and 4.2.23, near the cutting edge stresses in Y- direction are approximately 

1,5 times higher (more negative, since all stresses are compressive) than in X- direction. These two stress 

levels owe to a first case, which may take place in the tool as follows from the FE-simulation results, and 

a case which a priori, stresses are somewhat higher than predicted by FE-simulations. This second case 

however, has been chosen since real tools may receive stresses higher than those predicted by FE-

simulations. Overloads, high contact pressures, stress concentrators, and even the fact that carbides are 

not perfectly smooth but they have irregular geometries and shape factors lower than 1, may explain that 

stresses locally attain levels such as 2600 or 4000 MPa. The aim of evaluating either when stresses are 

maximum in X- or Y- directions is to take into account the influence of the carbide alignment with respect 

to the punch movement direction and the maximum load.  
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2000 MPa
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Figure 4.2.22 Stress distribution in the upper and lower tools in X- direction 

 

 
Figure 4.2.23 Stress distribution in the upper and lower tools in Y- direction 

 

Figure 4.2.24 shows the stress distribution results, in terms of the von Mises stresses, at the unloaded state 

when compressive loads are applied (Figures 4.2.4 a) to d)) and during the tensile loading to 1000 MPa 

(Figure 4.2.24 e). Once the load is removed, von Mises residual stresses corresponding to the case of 

pressures 1300 – 2000 MPa are negligible (Figure 4.2.24 a) and b)). However, when external pressures 

increase to 2600 – 4000 MPa the estimated von Mises residual stresses are of about 1000 MPa (Figure 

4.2.24 c) and d)).  

 

Y

X

Y

X
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Figure 4.2.24 Von Mises stresses registered once the compressive loads defined in Figure 4.2.21 are 

released: a) corresponds to the results obtained with the configuration shown in Figure 4.2.21 a); b) 

corresponds to the results obtained with the configuration shown in Figure 4.2.21 b); c) corresponds to the 

results obtained with the configuration shown in Figure 4.2.21 c); d) corresponds to the results obtained with 

the configuration shown in Figure 4.2.21 a); e) von Mises stresses during the application of a tensile stress of 

1000 MPa (Figure 4.2.21 e)) 

 

Since residual stresses are only generated in case of applying very high compressive pressures in the level 

of 2600 – 4000 MPa, a more detailed examination of this case is given in Figure 4.2.25, in which stresses 

in X- and Y- directions (S11 and S22 respectively) are plotted for the two configurations studied. As it can 

be observed in Figures 4.2.25 a) and b), when the compressive load is higher in X- direction, tensile 

residual stresses S22 are higher than S11 and the maximum S22 value is 600 MPa. In contrast, when the 

compressive load is higher in Y- direction (Figure 4.2.25 c) and d)) tensile residual stresses S11 are the 

highest and they can locally attain 1000 MPa. 
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Figure 4.2.25 Stresses registered once the compressive loads defined in Figure 4.2.21 b) and c) are released: 

a) corresponds to the stresses in X- direction (S11) obtained with the configuration shown in Figure 4.2.21 c); 

b) corresponds to the stresses in Y- direction (S22) obtained with the configuration shown in Figure 4.2.21 c); 

c) corresponds to the stresses in X- direction (S11) obtained with the configuration shown in Figure 4.2.21 d); 

d) corresponds to the stresses in Y- direction (S22) obtained with the configuration shown in Figure 4.2.21 d) 

 

The type of configuration which applies in case of the lower tools is that of Figure 4.2.21 d), since 

carbides are aligned perpendicular to the stroke direction, and so to the maximum acting load. Therefore 

as it follows from Figure 4.2.24 c), residual stresses may effectively be present in the microstructure at 

the unloading stage and they may attain values which, considering that they are repetitively applied, can 

be significantly harmful to the material behavior in fatigue. What is important to reflect after these 

findings is that as shows Figure 4.2.26, tensile residual stresses can explain the breakage of carbides 

according to the direction in which they are observed in blades (i.e. residual tensile stresses parallel to the 

stroke direction can explain the presence of cracks perpendicular to the stroke direction in carbides). 

 

 
Figure 4.2.26 Detail of Figure 4.2.24 c) in which directions of maximum stresses are illustrated, and they 

correlate to the direction of the cracks nucleated at primary carbides in lower tools  
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In upper tools the estimated compressive stresses are much lower than at the lower tools and in addition, 

their carbide alignment is parallel to the stroke direction (as in Figure 4.2.21 c)). This configuration of 

carbides is advantageous since tensile residual stresses generated at the microstructure are much lower 

than when carbides and stroke direction are perpendicular (compare Figures 4.2.25 a) and b) for upper 

tools to Figures 4.2.25 c) and d) for lower tools). Therefore, accumulation of plastic strains at the matrix 

in these tools is not expected a priori. Accordingly, in experimental slitting tests fracture of the upper 

tools is mainly not observed. However, it is noteworthy that as discussed in section 4.1.1, carbides may 

present defects that extremely modify the stress states. According to this, in the upper tool only a few 

carbides are found broken but all of these are damaged, as illustrates Figure 4.2.27. 

 

 
Figure 4.2.27 Broken primary carbides near the cutting edge of  the upper 1.2379 tool, red arrows denote 

cracks nucleated because carbides present defects (encircled in red) 

 

Hence, the arguments above prove that in case of tool steels with marked anisotropy, as ingot cast steels, 

it is more convenient to build blades with carbides aligned in the same direction as the stroke movement, 

since at the same applied load the breakage of carbides is disfavoured by the presence of lower residual 

tensile stresses.  

 

Interestingly, in the cross sectional analysis of tools no cracks propagating from carbides through the 

matrix are observed. Only cracks nucleated at the surface propagate in the microstructure. In an attempt to 

find an explanation for this finding, ΔK of broken carbides at the lower tool are roughly estimated and 

compared to the ΔKTH values (they are plotted in Figure 3.2.11). For that, ΔK values are calculated 

according to Equation 2.4.1 and Y values are estimated as follows from the work of Newman and Raju 

[NEW84]. The following considerations are assumed to determine ΔK: carbides with geometries like 

1.2379 are considered, cracks have the shape of the broken carbides, 2c and a (the length and the depth of 

the crack, respectively) are equal to the mean value of Dmin reported for 1.2379 in Table 3.1.2. The acting 

stresses are chosen according to the results of maximum residual tensile stresses determined from Figure 

4.2.25 c).   

 

5 μm 5 μm
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Figure 4.2.28 Schema of the parameters assumed to estimate ΔK at broken primary carbides of lower tools 

according to the carbide configuration  

 

Calculations are done considering the scatter obtained in Dmin values (Dmin = 9,4 ± 6 μm so it ranges 

between 3,4 and 15,4 μm respectively) and in all statistically combinations possible. Results obtained are 

summarised in Table 4.2.1 and as follows from Figure 3.2.11 in which the determined ΔKTH values for 

1.2379 range between 4,0 and 4,6 MPa·m1/2, the broken carbides are certainly not expected to give rise to 

propagating cracks a priori.  

 

The estimated ΔK values are lower than ΔKTH in all cases excepting for the case number 4, in which the 

shape of the crack is 15,4 μm both for 2c and a and ΔK is 4,55 MPa·m1/2. However, the probability that a 

carbide of such geometry is in the microstructure is low (1 carbide every 9, which is around 0,11 carbides 

satisfying this condition). In addition, taking into account that in order to propagate, a certain stress level 

must be acting in the crack nucleated at this broken carbide, it is hardly impossible after such 

approximations that a crack can propagate starting from primary carbides in these tools. In any case, in 

real life the microstructure is much more complicated and so they are the stress states and levels acting at 

the cutting edge of tools, hereby the possibility that a crack is successfully nucleated and propagates from 

primary carbides should not be discarded even if it has not been observed, so far. 

 

Table 4.2.1 Estimated ΔK of cracks at broken primary carbides 

Case a, μm 2c, μm σres, MPa Y ΔK, MPa·m1/2 

1 9,4 9,4 1000 1,16 3,56 

2 9,4 15,4 1000 1,27 3,90 

3 15,4 9,4 1000 0,99 3,89 

4 15,4 15,4 1000 1,16 4,55 

5 3,4 3,4 1000 1,16 2,14 

6 3,4 9,4 1000 1,29 2,38 

7 9,4 3,4 1000 0,80 2,45 

8 3,4 15,4 1000 1,24 2,29 

9 15,4 3,4 1000 0,64 2,50 

 

2c = 9,4 +- 6 μm

a = 9,4 +- 6 μm σ res= 1000 MPaσ res = 1000 MPa
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However, propagating cracks do exist in tools as it was observed in Figure 4.2.19. Cracks nucleated at the 

surface and propagating inwards the material are observed both at the flank face of lower tools (as 

showed previously in Figure 4.2.19) and at the rake face of upper tools (as shows Figure 4.2.29).  

 

 
Figure 4.2.29 Cracks nucleated at the rake face of the upper tools 

 

Cracks observed at the flank face of tools can attain long sizes at the surface (even up to millimetres as it 

is shown in Figures 4.2.30 and 4.2.31 after 8000 and 36000 strokes) and in the cross sectional analysis 

they are also found to be quite deep (sometimes measuring around 100 μm). 

 

 
Figure 4.2.30 Cracks nucleated at the flank face of a lower 1.2379 tool at 8000 strokes 
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Figure 4.2.31 Cracks nucleated at the flank face of a lower 1.2379 tool at 36000 strokes 

 

In Figure 4.2.32 it can be observed that such cracks at the flank face (Figure 4.2.32 c) and d)) are located 

at the same level below the cutting edge as the fractures observed. In this figure it can also be observed 

that these cracks grow completely flat from the flank face, but the shapes of fractures at the rake face 

resemble more semi-ellipses (Figure 4.2.32 a) and b)). The presence of cracks at the rake face is not as 

evident as that of the flank face and after the examinations of the tools, only small cracks or broken 

primary carbides can be identified, as shown in Figure 4.2.33. Those cracks seem to grow and coalesce at 

the rake face in what could resemble the semi-ellipses observed in tools.  

 

 
Figure 4.2.32 Fractures at the cutting edge in views from: a) and b) the rake face of the tool; c) and d) the 

flank side of the tool and e) cross sectional image 
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Figure 4.2.33 Cracks at the rake face of a 1.2379 lower tool near the cutting edge 

 

In Figure 4.2.34 it can be observed that fractures all along the cutting edge have approximately the same 

depth and these depths correspond exactly to the location of the lateral cracks  

 

 
Figure 4.2.34 Cross sectional images of the cutting edge of two 1.2379 lower tools, dashed white lines denote 

the location of cracks nucleated at the flank face: a) after 36000 strokes and b) after 22000 strokes 

 

As follows from the arguments above, it might be plausible that fractures observed at the cutting edge are 

due to the connection of both lateral cracks at the flank face and small cracks at the rake face. The 

fractography of the cutting edge quite indicates that lateral cracks are grown stably by fatigue but it is not 

sure so far whether these cracks turn their direction towards the rake face, or they coalesce with vertical 

cracks propagating inwards. Actually, no propagating cracks have been observed in the cross sectional 

analysis of lower tools despite fracture occurs.  

 

In order to shed light on the mechanisms explaining the growth of these cracks and the occurrence of 

fractures, the case of slitting tools is approached from the Standing Contact Fatigue (SCF) point of view. 

This approximation is plausible since Alfredsson and Olsson [ALF00] examined the cracks created as a 

result of SCF tests and they determined that for loads above an endurance level, two different types of 

axi-symmetric contact fatigue cracks develop after a sufficient number of load cycles which resemble 
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very much the type of cracks observed in these tools. In Figure 4.2.35 a) a ring shaped surface crack can 

be observed, which underlines the circular region with cyclic contact and recalls the shape of the cracks 

observed from the top view in slitting tools in this Thesis (Figure 4.2.32 a) and b)).  

 

These authors reported that as the overall test load level increases the distance from the contact rim 

grows, and a second and even a third crack may appear outside the first, as shown in Figure 4.2.35 b). 

Cracks are initiated at several circumferential locations around the contact rim (Figure 4.2.35 c)) creating 

the ring crack as they link up, analogously to the microcracks showed in Figure 4.2.33 and Figure 4.2.36, 

in which several circumferential cracks are observed at the cutting edge. 

 

Alfredsson and Olsson found another type of crack as a result of SCF tests and it is the so-called sub-

surface lateral crack (Figure 4.2.35 d)). The aforementioned authors observed that all lateral cracks have a 

shallow U-shape and the depth location is independent of the test load level. This statement is in 

agreement with the fact that fractures observed in slitting tools have almost the same depths below the 

cutting edge.  

 

 Figure 4.2.35 SCF crack results: a) top view of first ring/cone crack; b) top view of second ring/cone crack; 

c) initial ring/cone cracks formation and d) cut view of lateral crack [ALF01] 
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Figure 4.2.36 Several circumferential cracks are observed near fractures at the cutting edge of 1.2379 lower 

tools (in correspondence with Figure 4.2.34 b)) 

 

In Figure 4.2.37 it can be observed that the similitude between lateral cracks in SCF samples and cracks 

nucleated at the flank face of tools is very high. 

 

 
Figure 4.2.37 Lateral cracks in SCF samples resemble cracks nucleated at the flank face of tools: a) Figure 

4.2.35 d) from Alfredsson and Olson [ALF01] and b) cut view of an HWS tool 

 

Alfredsson and Olsson argued that the ring/cone crack is motivated by the tensile radial stress (Figure 

4.2.38 b)). At the lateral crack position all principal stresses are compressive at maximum load. However, 

tensile stresses appear when the sphere is unloaded (Figure 4.2.38 a)). All principal stresses are of 

approximately the same numerical value at unloading, but the axial stress has a much larger amplitude 

due to the high compressive stress at maximum load. The lateral crack initiation is therefore explained by 

the tensile axial stress at unloading in combination with the large alternating stress component in the same 

direction. The lateral crack position and shape is a result of the inhomogeneous plastic properties of the 

material and the residual plastic deformation below the contact. 
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Figure 4.2.38 Principal stress distribution at P = 13,4 kN and after unloading: a) σzz and σφφ along the 

symmetry line and b) σrr and σφφ along the surface [ALF01] 

 

In slitting tools, the reason for the existence of such lateral-like cracks may be first, the rough surfaces 

which under the high compressive stresses may cause their nucleation. Surface grooves may act as 

notches from which small cracks directly at the notch root are expected to be created since in absence of a 

crack, the stresses near the notch root can be significantly magnified with respect to the remote applied 

stresses. In Figure 4.2.39 the similarity of the lateral cracks in slitting tools can be compared to the case 

where cracks are nucleated from notches. Surface damage created by the repetitive contact loads and the 

high friction coefficients may also cause cracks to nucleate as follows from this mechanism. 

 

 
Figure 4.2.39 a) A small crack emanating from the root of a notch [FET08]; b) small crack emanating from a 

grinding groove in an HWS lower tool 

 

However, in absence of such grinding defects the nucleation of cracks at the surface may still be 

promoted by the breakage of primary carbides, especially in case of ingot cast steels, as shown previously 

in Figure 3.3.84. Once cracks are opened, the modes of propagation inwards may differ depending on if 

they are located at the rake or flank faces. Owing to the high compression loads at the cutting edge 

parallel to the stroke direction, lateral-like cracks are prone to propagate faster than those ring/cone-like 

cracks, and as a matter of fact, that was already observed by Alfredsson and Olsson in their work on SCF.  
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This effect is of special importance in HWS lower tools where it is observed that at the same number of 

strokes than in 1.2379 or UNIVERSAL lower tools, lateral-like cracks have propagated much deeper than 

in UNIVERSAL and fractures have already taken place. As discussed in section 4.1 and 4.2.1, HWS has a 

markedly higher resistance to crack nucleation in primary carbides however, its higher fatigue sensitivity 

is especially detrimental when large defects such as grinding grooves are left from machining processes 

since cracks easily nucleate from them, and the resistance to crack propagation is lower than the ingot 

cast steels. Therefore, it is crucial that the grinding parameters are optimised in order to benefit of the 

high performance of PM steels in such applications. 

 

To summarise, Figure 4.2.40 schematises the different types of damage and the mechanisms explaining 

their occurrence in the studied slitting tools.  
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Figure 4.2.40 Summary of the different types of damage observed in the slitting tools of the HPC  

Sliding & high frictional 
forces during punch 

penetration (inwards)

Carbides break at the rake 
and flank faces

1A

Nucleation of fatigue cracks from surface asperities 
and/or grinding grooves and propagation perpendicular 

to the surface during punch retraction (backwards)

2A

RAKE AND FLANK SIDES OF THE PUNCH

Breakage of primary carbides below the cutting edge as a 
result of dislocation pile ups at the interface with the 
matrix during punch retraction (backwards) (tensile 
residual stresses due to high compressive pressures)

No cracks could be observed to propagate from them

1B

RAKE AND FLANK SIDES OF THE PUNCH

Cracks nucleated at the 
surface connect and a 
piece of material is 

released MICRO-
CHIPPING

2B

1) Cracks propagating  from the flank face may reach 
the rake surface

2) Cracks propagating from the rake and the flank faces 
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3) Cracks propagating from the rake and the flank faces 
may find broken primary carbides

4
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CUTTING EDGE

As the compressive load 
in vertical direction is 

larger than the horizontal, 
propagation of cracks 
from the flank face is 

faster due to the higher 
residual tensile stresses 

after full unloading

3

CUTTING EDGE
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As it can be observed in the figure above, damage identified in slitting tools is classified into the 

following: 

- 1A: Damage directly at the surface originated as a result of the high frictional forces during sliding 

against the sheet during tool penetration. Cracks are observed at broken primary carbides of the rake 

and flank faces. 

- 1B: Breakage of primary carbides below the cutting edge owing to the tensile residual stresses, 

generated as a result of the high acting compressive loads.  

- 2A: Cracks nucleated at the surface from primary carbides propagate, micro-chipping is observed 

very near to the edge of the tool. 

- 2B: Cracks nucleate at the surface from grinding grooves or asperities under the high compressive 

loads. 

- 3: Cracks that nucleate at the flank face propagate faster than cracks that nucleate at the rake one 

due the high compressive loads in the stroke direction. These stresses are responsible for the higher 

tensile residual stresses explaining the lateral crack opening. 

- 4: Cracks of step number 3 meet and chipping is observed. 

 

Type number 1A and 1B are not observed in HWS tools, and so neither type 2A. In HWS the large cracks 

(compared to the microstructural size) nucleated from grinding grooves rapidly propagate and give rise to 

fractures. Despite ingot cast steels may contain many broken carbides and microcracks, as their resistance 

to crack propagation is higher than HWS, they are less sensitive to the surface roughness and in this sense 

they even may show a better resistance to chipping than HWS. 

  

In presence of such marked grinding grooves, failure of tools is significantly accelerated in this type of 

applications dealing with such high strength sheet steels. PM tool steels are typically the most 

appropriated tool steel family so as to be used under such severe conditions provided that low initial 

surface roughness can be guaranteed. In default of satisfying this condition, the life of these tools is 

markedly shortened since their good resistance against crack nucleation in carbides is eclipsed by the 

facility that cracks develop from large defects at the surface. Therefore, the potential that PM steels offer 

for these applications may not be fully-operating. In contrast, probably ingot cast steels rapidly show 

cracks due to the presence of broken primary carbides but if the roughness of the tool is high, then they 

may show better performances than the PMs since their resistance to the propagation of long cracks is 

much higher. 

 

PVD coatings may be a good option in these applications in order to reduce friction coefficients and delay 

wear phenomena as well as wear related fatigue mechanisms (i.e. when crack nucleation is due to the 

presence of asperities, waves, craters, etc., any imperfections created as a result of the contact between the 

two bodies and from cracks may priory nucleate). However, coatings are very sensitive to the roughness 
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of the substrate and their benefits may not be observed if the tool surface roughness is high. In this case, 

the coating rapidly detaches or delaminates and the overall behaviour can even be worse than in the 

uncoated tool. Hence, it is obvious after this investigation that the first condition to ensure the best 

performance of tools possible, and that tool steels show all their potential is to find and apply the optimal 

grinding parameters when building the tools. In this case, PM steels may be advantageously applied, and 

even better results may be obtained if they are coated. 

 

4.3 Corollary  

 

4.3.1 Considerations to the development of a model for tool life prediction: can this model 

be a reality? 

 

As follows from the previous sections 4.1 and 4.2 the behaviour of tool steels in laboratory and industrial 

tests have been assessed from a micro-mechanical point of view. The focus has been paid on determining 

the influence of the microstructural constituents such as primary carbides and metallic matrix on the 

nucleation and propagation of cracks at a micro scale. In laboratory tests and under controlled conditions, 

the applied stresses at which cracks start to nucleate have been determined under monotonic loading as 

well as in fatigue. The propagation of such cracks has also been evaluated and it has been shown that in 

monotonic conditions, differences exist between the behaviour of small cracks nucleated from broken 

primary carbides and the behaviour of large cracks propagated following the standard test method E 399-

90. In fatigue, small cracks start propagating in a tortuous manner until they attain a certain size (the size 

of the carbide band in which they are initially nucleated) and from this moment the growth of these cracks 

through the matrix turns into more stable and is rather similar to that observed for large cracks (in E 647-

00 tests). 

 

In real tools the mechanisms by which cracks nucleate and propagate are much more complicated and do 

not owe to one single parameter but usually, they are influenced by multiple factors such as stress states, 

surface roughness, microstructural discontinuities like carbides, micro-mechanical properties, etc. For this 

reason, the development of a robust and reliable model for predicting tool lives is very complicated as the 

mechanisms occurring in a tool are all linked together, acting at the same time or triggering the initiation 

of others. 

 

Some of the concerns which come in mind when trying to set up a model to predict tool lives are 

summarised as follows: 

- The first point to be considered is that not only one single type of micro-mechanism leading to 

damage and/or chipping is identified neither in punching nor slitting tools, but as show Figures 

4.2.18 and 4.2.38 respectively, multiple damaging mechanisms are found to contribute, under 
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different degrees of implication, to the macroscopic failure of tools. For instance, high sliding 

conditions at the surface trigger both the breakage of carbides under the surface and the formation 

of wear particles, which create discontinuities and imperfections at the surface and can promote the 

nucleation of fatigue cracks from them. 

 

- A second limiting factor regarding the development of this model is that the acting stresses cannot 

be determined locally in a microstructural scale for tools. The stress state at the cutting edge is 

highly complex and it evolves during the tool penetration and retraction movements. Von Mises 

equivalent stresses are typically used to quantify, by means of FE-simulation, the level and 

distribution of stresses in engineering components. However, in order to simplify the computation 

of stresses in FE-models, the test is normally stopped directly before the fracture of the sheet and 

tools are assumed to behave as elastic bodies and to be completely homogeneous. In this way, von 

Mises stresses are maximal before the fracture of the sheet and they are completely released 

afterwards.  

 

But in contrast, the findings of this Thesis show that plastic deformation in the tool microstructure 

at the micro scale is plausible, especially at narrow depths below the contact surface and in those 

locations where axial compressive stresses are high. As a consequence, tensile residual stresses may 

be generated. The presence of primary carbides embedded in the matrix contributes to the 

localisation of such plastic strains at their surroundings, reason why they break. In addition, there is 

a major role of the friction coefficient and the sliding conditions of the sheet at the tool surface, 

since they trigger the formation of surface asperities. The fact that the surface is rough may explain 

the existence of tensile stresses at asperities even under compressive external loads, but the stresses 

developing locally in there are not known since they depend on the external load (which varies 

depending on the position of the asperity on the tool surface), on the shape of the asperity, etc. 

Therefore, it is difficult to set the stress value at which a crack may nucleate and after how many 

cycles it happens. The lack of knowledge about the local stress values responsible for effective 

crack nucleation in tools is a big limitation to calculate their potential life so far. Moreover, once a 

crack is open the singularity ahead of the tip completely modifies the stress state existing prior to its 

formation, and that is also something difficult to take into account since, even under compressive 

states, tensile stresses can be developed at the crack tip.  

 

- In this regard, as contact pressures play an important role in tools, the fact that the surface is under 

constant evolution due to wearing out effects is also a limiting factor for the considerations of the 

model. Wear and fatigue are related processes in this tools in a way that some mechanisms are 

explained because of the conjunction of both; i.e. fatigue cracks are generated as a result of wear at 

the surface and vice versa, the propagation of fatigue cracks leads to the release of wear particles. 
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That means that a proper model to predict the life of tools should not disregard the wear effects on 

the surface since they contribute to the nucleation of fatigue cracks, and therefore a prediction of 

wear should also be taken into account.  

 

- The last matter of concern is to know how the differences observed in tests with laboratory 

samples between small and large cracks apply also in tools. Ingot cast steels show a dependency 

between the toughness and the crack size, which is especially remarkable for 1.2379 and K360. In 

tools cracks of different sizes have been observed; lateral cracks are rather large but those 

responsible for the release of wear particles at the surface are very small. In fatigue however, and 

even if as said before the initial cracks propagate quite tortuously, small, medium and large cracks 

behave in a similar way, i.e. their growth can be described by similar parameters. If so, the 

propagation of small and large cracks is quite comparable but the K at which they can break 

increases together with the crack size, as shown by the R-curve results. Then it is possible that in the 

most stressed areas the nucleated cracks propagate and lead to failure when they are still very small, 

since besides the acting stress is high their effective fracture toughness is low. Only fatigue cracks 

which grow under more moderate stresses may attain large sizes instead (or the sizes expected after 

E399-90 tests on large cracks). As a result, the model should also consider the size of the nucleated 

crack and depending on the stress level which is acting right in there; it should continuously 

associate the corresponding fracture toughness value since it varies as long as the crack grows. 

There is a last question open on this matter and this concerns the fact that the material R-curves 

determined under three point bending tests really reproduce the behaviour of such cracks when they 

are nucleated in tools. This matter comes from the reflexion of how far is the stress state under 

which cracks grow in laboratory bending tests with respect with the one of real tools.  

 

Obviously developing a model which takes into consideration all these input parameters is complex. 

Furthermore, the reliability and robustness of this model is hardly assured since it would have to be 

modified for each different operation. However, it is comforting that empirical observations in tools made 

from the tool steel manufacturer ROVALMA in basis of his experience after many years in this field, are 

completely in agreement with the findings of this investigation. Figure 4.3.1 schematises different 

situations taking place in tools, after ROVALMA, depending on the type of failure by chipping that they 

show.  

 
Figure 4.3.1 Schematic illustration of the different types of chippings registered empirically in basis of the 

long experience of the tool steel manufacturer (adapted from knowledge given by ROVALMA)  

• Consider clearance

• Increase toughness

• Consider coating

• Increase hardness

Tool backwardsTool inwardsa) b)
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As it can be observed in the figure above, on the one hand there is the kind of damage produced when the 

tool moves inwards and which resembles that identified in punches (compare Figure 4.3.1 a) to Figure 

4.3.2 a) and b)). In this Thesis the reasons for the formation of such cracks are discussed from an in depth 

micro-mechanical point of view but in analysing what the tool steel maker finds effective to preventing it: 

revising the shearing clearance and increasing the toughness of the tool steel, one realizes that these are in 

perfect agreement and can be justified using the same arguments presented in this investigation.  

 

This type of chipping (more elongated on the flank face than on the rake one) is due to the propagation of 

those cracks which are nucleated at the rake face and propagate until attaining the surface on the flank. 

Cracks nucleated at the rake face owe to the very high contact pressures at the surface and hence, an 

effective way to prevent or at least, delay their nucleation is by diminishing these surface pressures. 

These, in turn, can be reduced by using the appropriated shearing clearance. In section 3.3.4 it is shown 

that an increase of clearance leads to a reduction of the load required for punching but also, to an increase 

of the maximum von Mises stress. This phenomenon is due to the different contact areas at the cutting 

edge, i.e. the contact area is smaller when higher clearances are employed. Therefore, if the clearance is 

too high only a narrow part of the cutting edge is receiving the load and, even if this load is lower than 

when using a lower clearance, it is still very high and can cause the material to be damaged early. If the 

clearance is too small, then loads are higher but contact areas too and the effects might be compensated. 

However, there is major problematic when using small clearances and this is due to the increased 

probability of shocks, which apart from affecting the integrity of tools they can also affect the press 

functionality. Then the optimal clearance value should be set for every operation.  

 

The second recommendation made by ROVALMA concerns the increase of the toughness of the tool 

steel. The author of the present Thesis believes that by increase of toughness, an increase of the crack 

propagation resistance in fatigue and an increase of the final fracture toughness are meant. Once cracks 

are nucleated at the rake face, as described in section 4.2.1, their propagation depends on the resistance of 

the material against crack growth. Admitting that even if working at the optimal clearances, cracks may 

finally nucleate at the rake face due to some sort of wear damage and plastic deformation, propagation of 

these cracks is always a matter of concern. The ideal material would be desired to difficult the 

propagation of cracks or even succeed to get them arrested.  

 

As shown in section 3.2.5, a crack only propagates provided that the acting ΔK exceeds the ΔKTH of the 

material. It has been shown that ΔKTH of small and large cracks lies approximately at the same level and it 

corresponds to that determined by means of standard E647-00 tests. An attempt to increase the material 

resistance to crack propagation consists in alternating carbide and matrix bands, in a way that once cracks 

attain the matrix, they require an increase of energy to continue propagating through the whole band since 

it is a tougher phase. In this sense and in some applications, ingot cast steels could show superior results 
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than PM steels. The toughness or resistance to crack propagation of the matrix in itself should also be 

increased by applying the appropriate heat treatment. For this, it is imperative that as explained 

throughout this Thesis (but further discussed in section 1.2), the small secondary precipitates embedded in 

the matrix have the optimal size.  

 

 
Figure 4.3.2 An example of fracture at the cutting edge of punches where similarities to Figure 4.3.1 a) can be 

observed: a) at the rake face and b) at the flank face 

 

The aforementioned arguments are of especial importance in tools with non optimised surface finish and 

rather high initial roughness. In these cases, cracks mostly nucleate from surface imperfections and rather 

independently of the tool steel microstructure. Then it is particularly interesting that the tool steel has a 

high resistance to crack propagation (i.e. like ingot cast steels) even if that can be detrimental for the 

resistance to crack nucleation at primary carbides. But if the grinding process could provide the surface 

with a low roughness value, less than 0,5 μm, then PM steels are a good option. Breakage of carbides 

would definitely be delayed or prevented depending on the acting stresses, and even the effects of high 

contact pressures at the surface could be delayed.  

 

On the other hand, as show Figure 4.3.1 b) in some cases chipping is more elongated on the rake face than 

on the flank one. Then, the application of a coating and an increase of hardness are recommended. As 

shown in Figure 4.3.3, this type of chipping resembles to that observed in slitting tools.  

 

 
Figure 4.3.3 An example of fracture at the cutting edge of slitting tools where similarities to Figure 4.3.1 b) 

can be observed: a) at the rake face; b) at the flank face and c) in cross section 
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In these tools chipping is probably due to the propagation of fatigue cracks nucleated at the flank surface 

and propagating first rather horizontal, but then turning the direction under the acting stress state at the 

cutting edge, to finally attain the rake surface. Such cracks nucleate at the surface during the unloading 

stage as a result of tensile residual stresses. Hereby, a strategy to delay their nucleation consists in 

increasing the properties of the surface. A coating helps decreasing the friction coefficient and plastic 

deformation at the surface, both responsible of creating damage from which cracks are prone to nucleate. 

However, as shown throughout this Thesis, a critical requirement that must be satisfied so that the 

performance of the coated tool is successfully improved compared to the nude one is that the initial 

substrate surface has the lowest roughness possible. Small asperities cause tensile loads at the coating 

even when the external loads are compressive and hereby, the coating can easily detach from the surface 

(as explained in section 3.3.3.1 and Figure 3.3.64). 

 

The recommendation of increasing the hardness of the material goes much in the same sense that 

applying a coating. The higher the hardness of the surface, the higher the yield stress of the material and 

therefore the lower the possibilities that plastic deformation occurs, that tensile residual stresses are 

generated and as a result, that cracks nucleate. Once again, it is very important that the surface initial 

roughness is low, otherwise cracks can easily nucleate from grinding grooves and the potential 

improvement of increasing the hardness at the surface can be detrimental, since an increase of the 

hardness of the material in the bulk can lead to lower toughness (as it is shown in section 1.2.2.2 An 

Figure 1.2.9).  

 

In basis of this discussion and on the results presented in section 3.4, the models based on LEFM seem 

rather insufficient to accurately predict the life of tools. These models assume that a crack is already 

present in the microstructure at the cycle number one, and that it is nucleated from primary carbides or 

inclusion particles. However, in tools there may always be a time for crack nucleation and they do not 

exclusively nucleate from primary carbides or inclusions but from surface irregularities, wear particles, 

etc. Hence, the life of tools cannot be accurately predicted by means of these models. 

 

In front of the lack of consistency of the models based only on LEFM to predict tool lives and as follows 

from the results of this Thesis, a new approach is proposed which holds the idea that the micro-

mechanical properties of the metallic matrix in tool steels decrease due to the application of repetitive 

load. The model basically sustains the reduction of E, as some authors like Pedersen [PED97] have 

related the reduction of E to the accumulation of plastic strain. Cobo et al. [COB09] have reported that the 

drop of E with plastic deformation is based on the variation in the dislocation structure and the capability 

of the material to accumulate totally or partially movable dislocations, which are the responsible to 

produce extra microplasticity. As follows from the underlying statements, the reduction of E can be 
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related to a certain applied stress and number of cycles, and the lives of tools can be predicted in this way, 

based on micro-mechanical damage. 

 

One of the advantages of this model is that it is based on mechanical damage instead of nucleation or 

propagation of cracks. Hence, any type of damage leading to a reduction of E at the micro level is a 

precursor for crack nucleation. Any type of damage means that by means of this model, not only damage 

as a result of broken primary carbides or inclusion particles can be detected, but also wear or plastic 

deformation can be taken into account since they may lead to a reduction of E as well. In addition, this 

model avoids any consideration of crack size – toughness dependency, surface roughness, stress state and 

level, tool geometry, shearing parameters, etc., as it only accounts for a decrease of mechanical properties 

of the metallic matrix, whatever it is the triggering effect. 

 

Even though this Thesis has found a meaningful method for predicting tool lives, works have to progress 

in order to be able to develop a model which can accurately estimate the failure of tools. However, in the 

following section an example of application in industrial tools is presented.  

 

4.3.2 An application of the micro-mechanical damage based model for life prediction of 

industrial tools 

 

Tools made of HWS and employed to punch MS-W1200 2 mm thick at AUTOTECH ENG. (the 

performance of these tools is studied in section 3.3.2.2) were used in this part of the investigation to 

determine the evolution of E with the increase of the number of strokes. E was measured at different 

increasing distances from the cutting edge using polished specimens extracted from tools (as described in 

Figure 2.5.10). Specimens from four different tools were used. Tools were at different stages of their 

lives: at the initial stage, after 15000, 40000 and 100000 strokes, respectively. 

 

Figure 4.3.4 present the evolution of E measured by means of nanoindentation through the diagonal 

which crosses the cutting edge of punches and up to 5 mm far from the edge. As it can be observed, E 

shows a clear decrease for distances shorter than approximately 500 μm from the punch edge at 

specimens after 15000, 40000 and 1000000 strokes. The examination of indentation imprints which 

showed a reduction of E reveals damage in form of plastic deformation and decohesion of primary 

carbides (compare Figures 4.3.5 a), b) and c) with Figure 4.3.5 d)). 
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Figure 4.3.4 Evolution of E in HWS punches after: a) 0; b) 15000; c) 40000 and d) 10000 strokes 
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5. Conclusions  

 

In this Doctoral Thesis the interrelationship between the microstructure and the mechanical behaviour of 

tool steels for shearing UHSS have been determined through the analysis of four different cold work tool 

steels: 1.2379, UNIVERSAL, K360 and HWS at 62 HRC. Micro-mechanical damage of punching and 

slitting tools made of these four steels has been identified, classified and rationalised in order to give the 

clues to improve the microstructural design of tool steels and the performance of tools for shearing 

UHSS.  

 

This Thesis provides new insights into: the microstructure of ingot cast and PM tool steels and their main 

constituents, i.e. primary carbides and tempered martensite matrix (section 3.1), their macro- and micro-

mechanical properties (sections 3.2.1 and 3.2.2), crack nucleation and growth under monotonic loads and 

evaluation of R-curve behaviour (sections 3.2.3, 3.2.4 and 3.2.6) and fatigue crack nucleation and 

propagation mechanisms (section 3.2.5). It also provides new insights into the mechanical and 

tribological behaviour of industrial and laboratory tools as well as the effects of shearing process 

parameters on the performance of tools and quality of sheet sheared edges (section 3.3). Finally, this 

Thesis analyses the suitability of LEFM based models to estimate the life of tools (section 3.4).  

 

Damage on tools steels has been rationalised from a micro-mechanical point of view in laboratory 

samples (section 4.1) as well as real tools (section 4.2). The aspects that a model should consider in order 

to successfully predict lives of tools for shearing UHSS have been described, and as follows from the 

finding that E of the metallic matrix of tools reduces with the increase of the number of strokes, a new 

approach to predict tool lives has been proposed (section 4.3). 

 

In the following lines the central and major findings of this work are revised and summarised: 

 

Microstructure and micro-mechanical properties of tool steels: 

 

- In 1.2379 there is only one type of primary carbide, M7C3-type, rich in Fe and Cr. In K360 there 

are primary carbides of the following types: M7C3, MC and M6C. The chemical composition of the 

M7C3 is very similar to that of the 1.2379, with some V and Mo replacing Cr and Fe. The MC are 

mainly Nb carbides and the M6C show high amounts of Mo and Fe.   

 

- In UNIVERSAL there are M7C3 and MC primary carbides. M7C3 carbides are also similar to those 

of 1.2379, except for some Cr which is replaced by V and W. MC carbides are mainly formed by V. 

In HWS, M7C3, MC and M6C are present. These carbides are supposed to present similar chemical 
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compositions than those of UNIVERSAL (except for the M6C, which is assumed to be mainly 

formed by Mo and/or W).  

 

- 1.2379 shows the largest carbide sizes while HWS presents the smallest carbides amongst the 

studied steels. M7C3 carbides in K360 are very close in terms of size to those of 1.2379, while those 

of UNIVERSAL are smaller. However, MC carbides of UNIVERSAL have larger sizes than the 

MC of K360. M6C carbides of K360 are markedly smaller than the M7C3 and MC which are also 

embedded in this steel. Carbides in HWS show typical sizes for PM steels and the M7C3 are the 

largest, followed by the MC and finally, the M6C.  

 

- The distribution of morphology parameters suggests that carbides embedded in 1.2379 have the 

most irregular and elongated shapes. M7C3 carbides of K360 show similar morphology distributions 

to these, while M7C3 carbides of UNIVERSAL are more regular and rounded than the previous 

ones. MC carbides of UNIVERSAL are the most spherical amongst the ingot cast steels and they 

have also the highest sphericity. M6C of K360 are quite round compared to the other two in this 

steel. Finally, carbides of HWS are almost like perfect spheres.  

 

- Secondary carbides in UNIVERSAL have been classified into four different types: Cr23C6, 

(Cr,Fe)7C3, Cr7C3, VC and M6C, measuring from tens to 1000 nm. 

 

-Ingot cast steels are markedly anisotropic, especially 1.2379 and K360, while HWS shows an 

isotropic behaviour. The highest mechanical properties of ingot cast steels are obtained for D2 

samples, in which primary carbides are oriented following the longest axis of samples.  

 

- 1.2379 shows the lowest values of σR and Δσfat, although K360 presents only slightly better results. 

UNIVERSAL shows higher σR and Δσfat than 1.2379 and K360, but HWS shows the highest values.  

 

- Fracture and fatigue failure initiation sites are primary carbides or agglomerates of them in ingot 

cast steels and inclusion particles in HWS. KIC and ΔKTH and opposite to σR and Δσfat, are the highest 

in 1.2379 and the lowest in HWS. These results are in agreement with relevant literature on this 

field, regarding different mechanical properties on ingot cast and PM tool steels. 

 

- E and H of M7C3 primary carbides in 1.2379 are higher than the M7C3 in UNIVERSAL and K360 

but lower than the MC of the same steels. In terms of KC, M7C3 of 1.2379 present similar values to 

MC of K360, while MC of UNIVERSAL show the highest results. No KC is calculated for both 

M7C3 carbides of UNIVERSAL and K360, as they do not develop cracks after indentation. The 
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micro-mechanical properties of the metallic matrix of 1.2379, UNIVERSAL and K360 do not 

present significant differences. 

 

Crack nucleation and propagation under monotonic and cyclic loads 

  

- The nucleation of cracks in tool steels is due to the failure of primary carbides by cleavage (and 

inclusion particles in case of PM steels) when the stress exceeds their σRC or the matrix at their 

surrounding exceeds its yield stress. The yield stress of the matrix, in turn, is determined by the 

secondary fine carbides precipitated in the martensitic matrix during tempering. M7C3 primary 

carbides in 1.2379 and K360 present the lowest σRC results. MC carbides in K360 and M7C3 carbides 

in UNIVERSAL show similar σRC, while the MC of UNIVERSAL show higher values of σRC. 

HWS, in turn, shows the highest σRC results. This means that HWS has very high resistance to crack 

nucleation at primary carbides or inclusions compared to ingot cast steels.  

 

- Small cracks nucleated from primary carbides in ingot cast steels are initially very shallow, but 

they tend to grow to semi-circular shapes as the load increases and they propagate through the 

matrix bands. In HWS, small cracks have already semi-circular shapes and their growth is steady 

through the microstructure.  

 

- Ingot cast tool steels present R-curve behaviour, i.e. fracture toughness depends on the crack size. 

Hence, given the reduction of toughness (compared to KIC values determined for long cracks 

through standard E 399-90 tests) in case that small cracks, or high stresses, are involved in the 

fracture process of ingot cast steels, it is possible that HWS shows a higher KR even if it has a lower 

KIC. This is a very important consideration that must be taken into account when designing tools 

made of ingot tool steels with high fracture resistance for applications under high stress levels, since 

small cracks nucleated in the microstructure have lower toughness values than those expected after 

KIC. Therefore, different properties might be taken into consideration depending on the tool 

application and the acting stresses, since the behaviour of the tool steel can vary substantially. In 

HWS, cracks smaller than 500 μm can present higher KR than in 1.2379 and K360. Nevertheless, if 

the applied stresses are low enough so that nucleated cracks can grow to longer sizes (more than 

500 μm), an ingot cast steel type microstructure can show a better performance since KIC, in this 

case, is higher than in HWS. 

 

- AE has been successfully applied to discern fracture micro-mechanisms in tool steels. AE arises as 

potential technique to monitor on-line micro-mechanical damage of tool steels. Preliminary tests 

under monotonic loads and using laboratory specimens have shown that it is possible to correlate 

microstructural damage with AE signals, as well as anticipate unstable failure of specimens. The 
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use of AE sources could shed light to micro-mechanical damage of tools while they are working in 

industrial operations, so future works of this Thesis are going to progress in this direction. 

 

- Crack propagation of short, medium and long cracks under cyclic loads can be rationalised by the 

mechanical parameters determined with long cracks by means of standard tests (E 647-00).  

 

- In 1.2379 σmax and σRC lie almost on the same stress level. This implies that crack nucleation in 

fatigue is due to a great extent, to primary carbides broken already at the first load cycles. Provided 

that the ΔK of these cracks at broken carbides exceeds ΔKTH, the rest of the fatigue life is spent in 

their propagation until one of them attains the critical size for failure. The nucleation stage in 

1.2379 is hereby very short compared to the number of cycles concerned for propagation. In fatigue, 

initial crack propagation when cracks are still confined at the carbide cluster is rather tortuous and 

does not show a stable growth.  

 

- The shape of the fractured carbides determines the shape of initial cracks and therefore, the 

condition of ΔK ≥ ΔKTH necessary so that propagation starts. As long as ΔK < ΔKTH, propagation 

does not take place. However, if the size of nucleated cracks fulfils the aforementioned condition 

they successfully grow through the matrix. Once they attain a certain size (usually when they 

propagate out from the initial cluster) the growth is more stable and steady, independently of the 

primary carbides ahead. Once a stable propagation rate is attained, cracks approach semi-circular 

shapes and keep growing in equilibrium for the rest of the fatigue cycles.  

 

- In UNIVERSAL σmax is lower than σRC. Thus, the breakage of carbides cannot be understood 

because the applied stress is higher than σRC but because the strain in the matrix around the carbide 

is higher than the strain that carbide can withstand. This phenomenon is attributed to the cyclic 

softening of the metallic matrix during fatigue tests.  

 

- HWS has a markedly lower σmax compared to σRC, but as in HWS no large carbides are present, it 

is plausible that the matrix at the neighbourhood of inclusion particles is subjected to more 

distortion and stresses rise with respect to the rest of the microstructure. After an incubation period 

which can vary depending on the stress applied, the size of the inclusion and its location in the 

sample, cracks may finally nucleate due to the reduction of the matrix properties at its surroundings. 

Crack nucleation in HWS concerns the major part of the fatigue life since the resistance of the 

microstructure against crack nucleation is very high. However, once cracks are successfully 

nucleated, propagation stages are rather short in fatigue since the resistance of the microstructure to 

the propagation of cracks is relatively low. Given that the microstructure ahead of nucleated cracks 
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in HWS is very homogeneous, stable propagation of these into semi-circular shapes is expected 

already from the initial stages.  

 

- The case of K360 D2 in turn, is rather particular since two different types of fracture modes are 

observed. The first type corresponds to that described for 1.2379 D2, in which fracture is initiated 

from primary carbides at the surface and, since σmax ~ σRC, the incubation period for crack nucleation 

is expected to be rather short. The second mechanism, in turn, consists in the breakage of carbides 

below the surface and the propagation of cracks from them. As a result of this internal propagation 

of the crack, a fish-eye pattern is formed around the initial cracked particle.  

 

Damage mechanisms of shearing tools and prediction of tool performances 

  

- The main failure mechanism observed in tools for punching and slitting UHSS is fracture at the 

cutting edge by chipping.  

 

- An analysis at the micro level has shown that different types of damage are present in tools and 

that they contribute to the formation of chipping at the cutting edge. Plastic deformation and 

nucleation of cracks at the surface of tools occurs as a result of the high frictional forces during 

sliding against the sheet. Cracks propagate parallel to the surface until they reach a plane of 

weakness and a thin piece of material is released.  

 

- Due to the high contact pressures at the surface, carbides within a narrow range of depth beneath 

the surface are broken as a result of dislocations pile ups at the interface with the metallic matrix. 

Breakage of carbides is explained by the tensile residual stresses that are generated after full 

unloading due to plastic deformation during the backwards movement of the punch. Plastic 

deformation takes place because of the high compressive contact loads generated at the surface and 

up to some distances beneath. Such dislocation pile ups lead to the formation of voids in the matrix, 

from which under the repetitive sliding, cracks can nucleate and propagate below and parallel to the 

surface.  

 

- Cracks are also nucleated from surface asperities, ahead of which a stress state similar to that 

created on a notch root is generated.  

 

- Chipping is explained by the nucleation of a crack at the rake face and its propagation to the flank 

face, or by the coalescence of two cracks, one nucleated at the rake face and the other at the flank 

face.  
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- In presence of marked grinding grooves, failure of tools is significantly accelerated in this type of 

applications dealing with such high strength sheet steels. PM tool steels are typically the most 

appropriated tool steel family so as to be used under such severe conditions provided that low initial 

surface roughness can be guaranteed. In default of satisfying this condition, the life of these tools is 

markedly shortened since their good resistance against crack nucleation in carbides is eclipsed by 

the facility in which cracks develop from large defects at the surface. Therefore, the potential that 

PM steels offer for these applications may not be fully-operating. In contrast, probably ingot cast 

steels rapidly show cracks due to the presence of broken primary carbides but if the roughness of 

the tool is high, then they may show better performances than the PMs since their resistance to the 

propagation of cracks is much higher.  

 

- Hence, after this Thesis the first condition to ensure the best performance of tools possible, and 

that tool steels show all their potential is to find and apply the optimal grinding parameters when 

building the tools. In this case, PM steels may be advantageously applied, and even better results 

may be obtained if they are coated. 

 

- This Thesis has shown that some of the concerns which come in mind when trying to set up a 

model to predict tool lives. The first is that not only one single type of micro-mechanism leading to 

damage and/or chipping is identified neither in punching nor slitting tools, but multiple damaging 

mechanisms contribute, under different degrees of implication, to the macroscopic failure of tools.  

 

- Second, the acting stresses cannot be determined locally in a microstructural scale for tools. In 

addition, the stress state and level at the cutting edge are highly complex and evolve during the tool 

penetration and retraction movements. The occurrence of the types of damage observed in this 

Thesis which cannot be solely explained by means of the acting stress state, provided by von Mises 

stresses estimated after FE-simulations (the most common approach to understand tool 

performances), calls the role of fatigue wear mixed mechanisms. These are due to sliding and high 

frictional forces all along the surface of tools in contact with the sheet material, which are not taken 

into account in FE-simulations. FE-simulation results are helpful determining macroscopically, the 

stress state of the punch and assess the severity of an operation with respect to another. It allows 

detecting the most mechanically requested zones in tools as well. However, from a micro-

mechanical point of view, stresses predicted by means of macro FE-models cannot explain the type 

of damage observed.  

 

- In this regard, as contact pressures play an important role in tools, the fact that the surface is under 

constant evolution due to wearing out effects is also a limiting factor for the considerations of the 

model. Wear and fatigue are related processes in these tools in a way that some mechanisms are 
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explained because of the conjunction of both. That means that a proper model to predict the life of 

tools should not disregard the wear effects on the surface since they contribute to the nucleation of 

fatigue cracks, and therefore a prediction of wear should also be taken into account.  

 

- The last matter is to know how the differences observed in tests with laboratory samples between 

small and large cracks apply also in tools, especially to take into account R-curve effects on crack 

behaviours in tools.  

 

- Models based on LEFM seem rather insufficient to accurately predict the life of tools. These 

models assume that a crack is already present in the microstructure at the cycle number one, and 

that if it is nucleated from primary carbides or inclusion particles. However, in tools there may 

always be a time for nucleation and they do not exclusively nucleate from primary carbides or 

inclusions but from surface irregularities, wear particles, etc. Hence, the life of tools cannot be 

accurately predicted by means of these models. 

 

- A new approach is proposed which holds the idea that the micro-mechanical properties of the 

metallic matrix in tool steels decrease due to the application of repetitive load. The model basically 

sustains the reduction of E, which can be related to a certain applied stress and number of cycles, in 

a way to predict tool lives based on micro-mechanical damage. This model stands for detecting any 

type of damage leading to a reduction of E and that it is a precursor for crack nucleation. By means 

of this model, not only damage as a result of broken primary carbides or inclusion particles can be 

detected, but also wear or plastic deformation can be taken into account since they may lead to a 

reduction of E as well. In addition, this model avoids any consideration of crack size – toughness 

dependency, surface roughness, stress state and level, tool geometry, shearing parameters, etc., as it 

only accounts for a decrease of mechanical properties of the metallic matrix, whatever it is the 

triggering effect. Future works have to progress in order to be able to develop a model which can 

accurately estimate the failure of tools by means of the reduction of E.  
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